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1 
ABSRACT 
 NUCu-140 is a copper-precipitation strengthened steel that exhibits excellent 
mechanical properties with a relatively simple chemical composition and processing 
schedule.  As a result, NUCu-140 is a candidate material for use in many naval and 
structural applications.  Before NUCu-140 can be implemented as a replacement for 
currently utilized materials, a comprehensive welding strategy must be developed under a 
wide range of welding conditions.  This research represents an initial step toward 
understanding the microstructural and mechanical property evolution that occurs during 
fusion welding of NUCu-140. 
 The following dissertation is presented as a series of four chapters.  Chapter one is 
a review of the relevant literature on the iron-copper system including the precipitation of 
copper in steel, the development of the NUCu family of alloys, and the formation of 
acicular ferrite in steel weldments.  Chapter two is a detailed study of the precipitate, 
microstructural, and mechanical property evolution of NUCu-140 fusion welds.  
Microhardness testing, tensile testing, local-electrode atom probe (LEAP) tomography, 
MatCalc kinetic simulations, and Russell-Brown strengthening results for gas-tungsten 
and gas-metal arc welds are  presented.  Chapter three is a thorough study of the 
microstructural and mechanical property evolution that occurs in the four critical regions 
of the HAZ.  Simulated HAZ specimens were produced and evaluated using 
microhardness, tensile testing, and charpy impact testing.  MatCalc simulations and R-B 
strengthening calculations were also performed in an effort to model the experimentally 
observed mechanical property trends. Chapter 4 is a brief investigation into the 
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capabilities of MatCalc and the R-B model to determine if the two techniques could be 
used as predictive tools for a series of binary iron-copper alloys without the aid of 
experimentally measured precipitate data. 
The mechanical property results show that local softening occurs in the heat-
affected zone (HAZ) as a result of either full or partial dissolution of the copper-rich 
precipitates responsible for strengthening.  Re-precipitation of the copper-rich 
precipitates was observed during the cooling portion of the weld thermal cycle but the 
resultant precipitate phase fractions were too low to fully recover the lost strength.  The 
coarse-grained HAZ and fusion zone exhibited an acicular type microstructure which led 
to improved tensile properties when compared to the other regions of the HAZ.  MatCalc 
simulations displayed excellent agreement with the precipitate parameters measured 
experimentally using the LEAP.  The R-B model was shown to provide reasonable 
agreement under select conditions, but in general was determined to be overly sensitive to 
small variations in precipitate parameters.  As a result in should be considered a 
qualitative tool only for precipitate radii less than ~2 nm.  Finally, it was determined that 
the current generation of MatCalc software was unable to accurately capture the 
precipitate evolution of various binary iron-copper alloys when experimental data sets 
were not available for calibration of the model parameters. 
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CHAPTER 1 – LITERATURE REVIEW 
Statement of Problems and Objectives 
 
It has long been desired to produce structural steels with high strength and 
toughness and a lean composition that are easily weldable.  Recent research conducted at 
Northwestern University has identified a candidate substrate material which may meet 
these requirements.  High strength low carbon (HSLC) alloy NUCu-140 is a copper 
precipitation strengthened steel which exhibits excellent mechanical properties with a 
simple chemistry.  One main advantage of this type of alloy system is significant cost 
savings that are achieved in a variety of ways.  First, by maintaining a lean composition, 
expensive alloying additions such as molybdenum, chromium, and nickel are reduced or 
eliminated leading to reduced alloy costs.  HSLA 100 (100 ksi tensile strength) steels that 
are intended for naval applications can contain up to 10 wt % alloy content.  NUCu-140 
can achieve significantly higher strength levels (140 ksi yield strength) while utilizing a 
considerably lower alloy content (~5.7 wt % alloy content).  An additional benefit of 
removing chromium is the elimination of carcinogenic hexavalent chromium that can 
form during fusion welding which poses significant health risks to the welders.  The 
Occupational Safety and Health Administration (OSHA) recently approved the reduction 
of the permissible level for hexavalent chromium from an eight hour time weighted 
3
 to 0.5 – 3 
2
.  Recent measurements have shown that these 
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proposed limits could be exceeded for hexavalent chromium when shielded metal arc 
welding (SMAW) and gas metal arc welding (GMAW) in enclosed spaces typical of 
shipyard conditions 
3
.  Additional cost savings can be achieved if the alloy is designed 
such that strengthening occurs during relatively simple processing techniques which 
would permit easy production on a large scale basis.  Finally, by pushing these HSLC 
steels to even higher strength levels (~ 140 ksi) it is possible to produce structurally 
sound components from less material.  In total, the use of HSLC steels such as NUCu-
140, can provide materials and fabrication cost savings that can approach 20% - 35% 
1
. 
 
As a result of the aforementioned benefits of NUCu-140, there is great potential 
for its use in various structural applications.  However, since nearly all components 
intended for structural applications require fusion welding, a comprehensive welding 
strategy must be devised for this alloy.  NUCu-140 is susceptible to becoming locally 
weakened in the fusion zone (FZ) and/or heat-affected zone (HAZ) as a result of 
dissolution and/or coarsening of the copper precipitates.  Therefore, the objectives of this 
research include: (1) characterization of the precipitate evolution that occurs in the heat-
affected zone and fusion zone of NUCu-140 using local electrode atom probe 
tomography; (2) identification of the mechanical property trends that result from various 
fusion welding processes; (3) modeling of the HAZ thermal history and precipitate 
evolution using MatCalc to compare measured and predicted precipitate parameters; and 
(4) calculation of the strengthening potential of the copper-rich precipitates using 
Russell-Brown strengthening calculations.  
 
 
 
 5 
Current Status of Relevant Research 
 
Alloy Content 
The maintenance of a lean alloy composition is only beneficial if the desired 
mechanical properties are still attained.  The primary strengthening mechanism active in 
the NUCu-140 (140 ksi) alloys is copper precipitation hardening 
1
  The carbon content is 
kept very low to limit the hardenability of the alloy and thus improve the weldability over 
traditional carbon steels.  Niobium is added as a grain refiner to enhance the ductility and 
formability of the alloy.  Nickel is added to the alloy to prevent hot shortness that can 
potentially occur during thermo mechanical processing of copper-bearing steels.  Nickel 
and aluminum have also been shown to segregate to the interface of the copper-rich 
precipitates which is believed to slow the coarsening kinetics.  It is worth noting that 
NUCu-140 is kept very clean with the phosphorus and sulfur levels kept very low.  The 
full composition of alloy NUCu-140 is shown in Table I. 
 
Microstructural Evolution of NUCu-140 
 Precipitate Size, Shape, and Orientation 
Copper precipitation strengthening has become the foundation in the development 
of several grades of high strength low carbon (HSLC) steels.  Therefore, extensive 
research has been conducted on the precipitation of copper from supersaturated α-iron 4-
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11
. Copper precipitation is commonly understood to undergo a series of transformations 
that occur during aging as a function of the precipitate radius given as follows: 
 
Supersaturated α iron → b.c.c. copper → 9R copper → f.c.c. ε-copper 
 
The precipitation sequence begins from supersaturated ferrite (α iron) and the first 
precipitates to form are spherical, coherent copper precipitates (b.c.c. copper) that exist 
up to approximately 5 nm in diameter.  The precipitates are metastable and develop 
coherently with the matrix due to the similar atomic radii of iron and copper.  As 
precipitate growth continues and strain develops due to the increasing size of the coherent 
particles, the transformation to the orthorhombic 9R structure occurs.  This 
transformation is thought to occur when the precipitates reach approximately 6 nm 
12
.  
Figure 1
12
 shows a high resolution electron micrograph (HREM) of a “herring-bone” 
fringe pattern that is typical of multiply twinned 9R particles.  Othen et al. have shown in 
similar iron-copper alloys that the 9R particles are typically heavily twinned 
orthorhombic structures with the following unit cell dimensions
12
: 
 
a = 4.33 ± 0.03 Å, b = 2.50 ± 0.03 Å, and c = 18.36 ± 0.18 Å 
 
The 9R particles are still roughly spherical in shape and the boundary between the b.c.c. 
matrix and the twinned 9R particles can also be determined from the herring-bone pattern 
shown in Figure 1.  The boundary plane has been shown to be the low energy (
_
411 )9R 
plane of mirror symmetry which minimizes the precipitate-matrix interfacial strain 
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energy 
12
.   The orientation relation between the b.c.c. iron matrix and the 9R copper 
precipitates has also been determined and is given as:
12
 
 
(011)b.c.c. // (
_
411 )9R, [ 111
_
]b.c.c. // [ ]101
_
9R 
 
The final step in the transformation sequence, that occurs after extensive 
overaging and therefore precipitate growth, is the transformation from 9R to the f.c.c. ε 
copper phase which is also known as the 3R phase.  The particle size at which the 
transformation occurs is not well defined but is thought to occur between 18 – 30 nm 12.  
These 3R particles (Figure 2) exist in the heavily overaged condition and are ellipsoidal 
in shape where the aspect ratio increases as the particle size increases.  The structure of 
the 3R precipitates exhibits minor changes as a function of the particle radius but they are 
essentially f.c.c. with an orientation relationship very close to the traditional Kurdjumov-
Sachs relationship: 
12
 
[1]m // {111}p, <111>m // <110>p 
 
Effect of Aging 
 
 The effect of aging time and temperature has been studied in detail for NUCu-
type alloys by Gagliano et al.
13
.  A characteristic aging curve for this alloy type is shown 
in Figure 3 which was directly aged from 1000°C.  The aging exhibits typical C-curve 
behavior where the peak hardness values increase with aging time.  No hardness decrease 
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was observed out to 100 minutes indicating that overaging has not occurred within the 
time frames examined.  The shorter aging times also exhibit their peak hardness values at 
correspondingly higher temperatures.   Each of these trends is expected for this type of 
standard aging treatment and can be explained in relation to the particle radii.  Figure 4 
shows that the particle size increases as a function of the aging time 
13
.  This corresponds 
to the increase in hardness seen after longer times at 550°C.  Gagliano et al. then used 
classical nucleation and growth theory in conjunction with the observed aging 
characteristics to determine the nucleation and growth rates as a function of aging time 
and temperature.  The nucleation behavior was assumed to be classical steady state 
homogenous nucleation described as: 
 
]exp[
2
3
kTG
A
KDN
V
V



 
 
where K and A are constants, D is the diffusivity of the rate controlling element, ΔGV  is 
the volume free energy change, k is the Boltzmann constant, and T is the absolute 
temperature.  The growth kinetics are described by the following equation for diffusion 
controlled growth
13
: 
 
)(
)( 0
ee
c
e
CCr
CCD
dt
dr




  
 
where )( 0 eCC   is the solute supersaturation in the matrix, )(
ee CC   is the interfacial 
composition difference between the matrix and precipitate, and rc is the critical radius for 
nucleation.  The supersaturation parameters were calculated using the Thermo-calc 
thermodynamic database.  Using these equations, calculated nucleation and growth 
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curves were generated for b.c.c. copper in ferrite - Figure 5 and Figure 6.  The results 
show that the maximum calculated nucleation and growth rates are approximately 8.0 x 
10
21
 nuclei/m
3
s at 612°C and 0.12 nm/s at 682°C, respectively.  These values show 
relatively good correlation with the experimental kinetics observed during aging
13
.   
 
 Envelope Methodology and Isoconcentration Surfaces 
 
 Atom-probe tomography (APT) and atom probe field ion microscopy (APFIM) 
have been used to characterize copper precipitates in several NUCu-type alloy systems 
14-
16
.  The precipitates can be characterized using several methodologies including 
isoconcentration surfaces and maximum separation distances (envelope methodology).  
The end goal of each technique is to analyze a given volume of material and to identify 
the particles of interest through chemistry or separation of solute clusters.  The details of 
each analysis technique are beyond the scope of this review but are described elsewhere 
14
.  A typical result of an APT analysis can be seen in Figure 7.  This data can be used to 
characterize precipitate size and shape and to attain qualitative information about the 
chemical composition.  One very important consequence of this data is that chemical 
profiles can be generated that extend from the precipitate core into the matrix - Figure 8.  
While this data is quantified, it is important to note that considerable quantitative 
disagreement is common across different analysis 
15,16
techniques but that the same 
general qualitative trends are observed.  The precipitate cores are substantially enriched 
in copper compared to the matrix composition, and there is significant segregation of 
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nickel and aluminum to the heterophase interface while the silicon and manganese 
compositions are uniform across the interface.  It is believed that the nickel and 
aluminum at the interface slow the coarsening kinetics of the precipitates.  This 
information is important when considering the evolution of these copper rich particles 
during the thermal cycling associated with fusion welding.  Understanding the nature of 
the particle/matrix interface is crucial to relating changes that occur during fusion 
welding to the resultant heat-affected zone (HAZ) properties. 
 
Microstructural Evolution of NUCu-140 Fusion Welds 
 
 The microstructural evolution of NUCu steel welds is critical if these alloys are to 
be used for defense and other structural applications which require fusion welding.  It is 
imperative to produce fusion welds where the weld metal and heat affected zone (HAZ) 
properties match those of the unaffected base metal to minimize the risk of premature 
failure.  If the fusion zone or HAZ mechanical properties differ significantly (over-
matching or under-matching) then the risk of failure may be increased.  Typical HSLA 
steels rely on the hardenability of the material and the subsequent formation of martensite 
to provide strength in the fusion zone.  Post-weld heat treatments are often required to 
temper the martensite and improve the ductility of the weld.  This complicated quench 
and temper procedure also complicates fabrication of fusion welded components and it 
would be ideal to produce excellent strength and toughness in the welds without post-
weld heat treatments.  NUCu-type alloys could potentially meet this requirement through 
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the formation of acicular ferrite in the fusion zone without PWHT.  Acicular ferrite 
typically provides excellent mechanical properties and can significantly reduce the 
fabrication cost and fabrication time without sacrificing weld quality.  Therefore the 
microstructural development of NUCu-type welds should be considered during the 
development of the base metal alloy and any potential filler metals.  To that end, 
preliminary welding trials 
1,17-20
 have been conducted on several NUCu-type steels to 
characterize the microstructural development that occurs as a result of fusion welding.  
While some promising results were observed, these trials were limited in scope and did 
not accurately represent the welding conditions that would be required for joining NUCu-
140 for large-scale defense applications.  These results did however indicate that it should 
be possible to achieve relatively good matching between the FZ, HAZ, and BM 
properties.  The initial explanation of this phenomenon was that the copper precipitates, 
which are responsible for strengthening, dissolve during the welding process but then re-
precipitate during cooling.  Although this mechanism could be responsible for providing 
strength in the fusion zone of NUCu welds, little microstructural evidence has been 
presented to support this claim.  Initial fusion welding studies conducted at Lehigh 
University (Figure 9) suggest that acicular ferrite formation in the fusion zone and parts 
of the HAZ may be responsible for the excellent strength and toughness exhibited in the 
welds.   The mechanism of acicular ferrite formation and the typical properties associated 
with this type of microstructure will be discussed. 
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Mechanical Properties of NUCu Base Metal and Welds 
 
A series of NUCu alloys has been developed with yield strength levels ranging 
from 60 ksi to 140 ksi.  The alloys are named NUCu-60 to NUCu-140 to represent that 
they are copper precipitation hardened alloys developed at Northwestern University with 
a certain corresponding strength level.  The most recently developed material is the 
NUCu-140 grade which exhibits a yield strength of 140 ksi, an impact energy of 150 ft- 
lbs at room temperature, and 20% elongation to failure.  This excellent combination of 
mechanical properties is achieved by forming nanometer sized coherent copper 
precipitates in a ferritic matrix. Figure 10 shows the increase in yield strength with aging 
time (at 500 
o
C) for this steel 
21
, where the target 140 ksi yield strength is achieved after 
approximately 30 minutes of aging. The variation in impact energy with temperature is 
shown in Figure 11 
21
, which compares NUCu-140 alloy with NUCu-60. Although the 
impact energy is not as high as that of the NUCu-60 alloy, the toughness is still quite 
good. In addition, the strength level of NUCu-140 alloy is substantially higher than that 
of NUCu-60 (140 ksi compared to 60 ksi).  Recent results have also been acquired 
22
 on 
the strain rate sensitivity of this new alloy. The development of steels with low strain rate 
sensitivity is important in naval and other structural applications in order to avoid brittle 
fracture under impact conditions.  Figure 12 shows the change in yield strength over a 
very wide range of strain rates at several different temperatures. Unlike HSLA-65, which 
shows a nearly two-fold increase in yield strength over similar strain rates 
23
, the NUCu-
140 steel exhibits only a moderate increase in yield strength. This indicates the steel 
should also have very good ballistic properties. This favorable property is also attributed 
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to the presence of the nanoscale Cu precipitates. Recent results 
22
 have shown that the 
presence of these precipitates is expected to lower the Peierls stress over the length of a 
double kink along the dislocation, thus reducing the strain rate dependence on the yield 
strength.  
 
Preliminary welding trials have been conducted at Northwestern University using 
a simple single pass weld with a matching filler metal.  Figure 13 shows the variation in 
hardness across the weldment along with light optical microscopy (LOM) 
photomicrographs acquired from various locations in the base metal, heat affected zone 
(HAZ), and fusion zone (FZ) 
21
.  The FZ and base metal hardnesses are similar, but a 
softened region forms in the HAZ.  This softened region may be associated with the area 
of the HAZ that experiences the highest peak temperatures and fastest cooling rates.  This 
can lead to complete dissolution of the precipitate, which would account for the observed 
softening 
24,25
.  Precipitate coarsening, which occurs at further distances away from the 
fusion line where the peak temperature is slightly below the solvus temperature, may also 
have attributed to this localized reduction in hardness 
24,25
.  It is interesting to note that 
the fusion zone exhibits a similar hardness level as that of the base metal even though it 
has a larger grain size. Note that the FZ undergoes complete melting and re-solidification. 
These conditions would generally not be favorable for reformation of the precipitates in a 
manner that is optimized for strength. Thus, more detailed characterization is required of 
the FZ region in order to understand the microstructure/property relations in this area. 
The localized reduction in hardness associated with the HAZ requires even more 
attention. The cause of this hardness reduction must be identified so that solutions can be 
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developed in order to avoid failures associated with localized deformation in the softened 
region.   
 
Precipitate Stability in the HAZ during Welding 
 
 Precipitate stability is the critical factor in determining the mechanical properties 
in the HAZ of a precipitation strengthened alloy such as NUCu-140 after fusion welding.  
A locally softened region may form in the HAZ as a result or either particle coarsening 
(Oswald ripening) or particle dissolution (reversion).  Particle coarsening is a surface 
energy driven phenomenon that results in the HAZ precipitates increasing in size as 
compared to those of the unaffected base metal.  Reversion is a volume free energy 
driven mechanism that causes the particles to decrease in size and eventually dissolve, 
putting the critical solute element back into solid solution.  The changes in precipitate 
size, shape, and distribution may occur by one or both of these two competing 
mechanisms depending upon the stability of the particles and the temperature profile 
generated during welding.  Figure 14 
26
 schematically shows that particle coarsening is 
the active mechanism at temperatures well below the equilibrium solvus, Teq, while 
particle dissolution is the dominant mechanism at elevated temperatures in excess of Teq.  
The diagram also shows that both coarsening and reversion may be active simultaneously 
in regions of the HAZ where the thermal cycle lies in the schematically demonstrated 
grey zone.  Although the two mechanisms may be active together, the reaction kinetics of 
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each process are vastly different and therefore will be described separately in the 
discussion.   
 Since particle stability is vital to the mechanical properties of welded, 
precipitation strengthened alloys, it is important to be able to predict how the particles 
will behave.  The solubility product is a simple thermodynamic relation which can be 
used to predict the stability of precipitates under equilibrium conditions.  The solubility 
product can be stated explicitly as follows 
26
: 
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where [%A] and [%B] are the equilibrium concentration of elements A and B in the 
matrix.  Elements A and B would represent iron and copper respectively.  Superscripts n 
and m refer to the stoichiometry of the precipitate AnBm, ΔS
0
 and ΔH0 are the standard 
entropy and enthalpy of reaction respectively.  R’ is the universal gas constant multiplied 
by ln10, and T is temperature (in °C).  C* and D* represent the normalized entropy and 
enthalpy respectively.  While this equation is useful for predicting the stability of certain 
precipitates in its current form, it is perhaps even more useful to rearrange the equation to 
solve for the equilibrium dissolution temperature, which is given as: 
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where [%A]0 and [%B]0 represent the contents of A and B in the base metal respectively.  
From the equation it can be seen that the equilibrium dissolution temperature increases as 
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the solute content of the matrix increases.  Using this equation, it is possible to predict the 
equilibrium temperature above which particle dissolution is predicted to occur.  However, 
a certain amount of superheating is expected to be required before particle dissolution 
would take place in practice due to the activation barrier present for particle dissolution.  
Another important aspect that must be considered when predicting the equilibrium 
dissolution temperature, Td, is the size and stability of the precipitates.  In general, 
smaller metastable precipitates will be acted on by a greater external pressure than larger 
stable precipitates due to the Gibbs Thompson effect 
27
.  Therefore, the Gibbs free energy 
and the solubility of smaller precipitates will be higher.  Figure 15 schematically 
demonstrates the variation in Teq that occurs for large, equilibrium precipitates and for 
small, metastable precipitates.  The dotted lines show that for a given temperature the 
equilibrium concentration of a small, metastable precipitate is significantly higher than 
that of a large, stable precipitate.  The parameter Ω represents the change in the reaction 
enthalpy that occurs as a result of the interfacial curvature of the particles.   
 
 Particle Coarsening 
 
 The traditional LSW Theory on particle coarsening was developed by Lifshitz, 
Slyozov, and Wagner and can be expressed according to the following form 
28,29
: 
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where r0  is the initial particle radius, γ is the energy of the particle matrix interface, Cm 
and Dm are the solute concentration and solute diffusivity in the matrix respectively, V’m 
is the molar volume of the precipitate and t is the retention time.  More recent work by 
Ion, Easterling, and Ashby 
30
 has applied the LSW theory to the type of continuous 
heating and cooling that that is common during the weld thermal cycles of a fusion 
welding process.  The Ion, Easterling, and Ashby form of the relation is given as follows: 
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where c1 is a kinetic constant and Qs is the activation energy for the coarsening process.  
This equation can then be integrated with respect to time to calculate the kinetic strength 
of a known weld thermal cycle.  The kinetic strength is essentially a measure of the 
effectiveness of a weld thermal cycle at coarsening precipitates in the HAZ.  The concept 
of kinetic strength is demonstrated in Figure 16 for a TiN-containing steel.  The figure 
shows typical isotherms that form around the weld pool and then correlates the 
temperature profile at Tp < Tm over the interval t1 to t2 to the kinetic strength.  The area 
under the T-t curve above the dissolution temperature represents the portion of the 
thermal cycle that induces coarsening and is therefore a representation of the kinetic 
strength.  Figure 17 shows the evolution of TiN precipitates following exposure to a 
thermal cycle similar to that shown in Figure 16.  The results show that the size 
distribution is pushed toward a much higher average particle radius following the thermal 
cycling that occurs in the HAZ of a fusion weld. 
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 Particle Dissolution 
 
 As discussed previously, when a region of the HAZ experiences peak 
temperatures that exceed the equilibrium dissolution temperature of the precipitates, then 
dissolution can potentially become the dominant mechanism in lieu of particle 
coarsening.  Particle dissolution can lead to a dramatic loss of strength in the HAZ.  It is 
therefore essential that the thermal cycles induced during welding be understood and 
subsequently controlled so the mechanical properties can be tailored for the intended 
application.  There have been numerous approaches to particle dissolution including both 
analytical and numerical solutions.  The invariant size approximation for dissolution is 
one such approach that has been used to great effect.  The model was originally 
developed by Whelan 
31
 and describes the situation that is schematically shown in Figure 
18.  The figure schematically shows the composition profile surrounding a spherical 
precipitate of radius r.  The concentration gradient slopes away from the particle since 
solute is being rejected into the matrix during dissolution.  The time required to dissolve 
the type of spherical precipitate shown in the figure is given as: 
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Where r0 is the initial precipitate radius, Dm is the solute diffusivity in the bulk, and α is 
the dimensionless supersaturation parameter defined in Figure 18.  As was the case for 
particle coarsening, it is necessary to integrate this relation as a function of time to 
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account for the thermal cycle that is experienced in the weld HAZ.  This integration 
yields an equation of the form: 
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The volume fraction of precipitates in the HAZ zone can be calculated using a similar 
integration procedure where the result is: 
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where f and fo are the instantaneous and initial volume fraction of precipitates.  A 
characteristic result of this type of volume fraction calculation can be seen in Figure 19. 
This figure shows the variation of normalized volume fraction second phase versus the 
distance from the fusion line and the results show that the volume fraction of precipitates 
remaining increases as a function of distance from the fusion line.  This trend coincides 
with a corresponding decrease in the peak temperatures that are seen at locations further 
from the weld boundary. 
 
 The concepts described above provide a method to predict how the copper 
precipitates that strengthen NUCu-140 will evolve based on the thermal cycles generated 
during fusion welding as well as the stability of the particles (stable or metastable). This 
information can then be coupled with precipitate-property correlations in order to 
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establish welding parameters for a wide range of conditions that produce reliable 
properties for service.   
 
Acicular Ferrite Formation 
 
 The mechanism of acicular ferrite formation in fusion welds is extremely 
important because of its combination of excellent mechanical strength and toughness.  
For a precipitation strengthened alloy such as NUCu-140, the formation of acicular ferrite 
in the FZ and the HAZ may offset the loss of strength and toughness that can be 
associated with dissolution and coarsening of the Copper-rich precipitates.  In addition, if 
the acicular ferrite forms as a result of the welding process, then the need for complicated 
post weld heat treatments is eliminated, reducing fabrication costs.  Bhadeshia and Babu 
have conducted extensive research 
32-35
 on acicular ferrite formation in fusion welds and 
have formulated a quantitative method for predicting the acicular ferrite content in welds. 
A schematic representation of the microstructural evolution of steel welds is shown in 
Figure 20.  The schematic shows that oxide inclusions are the first phase to form from the 
liquid due to their thermodynamic stability at high temperature.  Upon cooling from the 
liquid, delta ferrite begins to form followed by transformation to austenite.  Once the 
cooling curve enters into the low temperature b.c.c. phase, allotriomorphic ferrite forms 
and eventually covers the prior-austenite grain boundaries.  Widmanstatten ferrite is the 
next phase to form off of the grain boundary allotriomorphs until acicular ferrite begins to 
nucleate on inclusions in the grain centers at low temperatures.  Figure 21 shows a typical 
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microstructure that would result from the transformation sequence shown in Figure 20.  
From the micrograph it is apparent that the acicular ferrite has a characteristic basket-
weave morphology 
36
 with an aspect ratio ranging from 0.1 – 0.2.  The toughness of 
acicular ferrite microstructures is commonly attributed to the random arrangement of 
interlocking, lenticular ferrite plates.  Previous research by Bhadeshia 
37
 and others 
38
 has 
shown that acicular ferrite forms according to either the Nishiyama-Wasserman or 
Kurdjumov-Sachs orientation relationship with the parent austenite.  The transformation 
to acicular ferrite exhibits surface relief phenomena which indicates that there is an 
invariant plane strain with a large shear component.  There is no partitioning of 
substitutional solute elements such as chromium or manganese but some portioning of 
interstitial elements such as carbon has been observed.  When the carbon concentration in 
the austenite reaches sufficiently high values, the diffusionless transformation to acicular 
ferrite ceases, leading to incomplete reaction and retained austenite.  Under special 
conditions, when the transformation occurs under an applied elastic stress, the basket-
weave morphology can be altered causing non-random, oriented ferrite plates 
33
.  The 
aforementioned transformation characteristics of acicular ferrite are very similar to those 
of bainite.  The main difference in the transformation is that acicular ferrite nucleates 
intragranularly on inclusions while bainite nucleates on the grain boundaries.  While the 
transformations are similar, the resultant mechanical properties are very different.  The 
toughness of acicular ferrite has been shown to be far superior to that of bainite 
35
.   
Figure 22 summarizes the four proposed mechanisms of acicular ferrite formation 
in steels welds 
35
.  Each mechanism recognizes the importance of inclusions in the 
nucleation process.  The first mechanism (Figure 22a) treats the inclusions as inert 
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surfaces which cause an overall reduction in the activation barrier and promote ferrite 
nucleation.   The figure demonstrates that the benefit of nucleation on the inclusions 
decreases as the inclusion diameter increases.  Mechanism 2 (Figure 22b) also focuses on 
a reduction in the activation barrier but focuses on good lattice matching instead of inert 
surfaces.  The third mechanism (Figure 22c) is based on the depletion of carbon which 
occurs as a result of the inclusions present in the microstructure.  The carbon depletion 
may lead to a local increase in the driving force for acicular ferrite nucleation.  The final 
proposed nucleation mechanism (Figure 22d) suggests that differences in the thermal 
expansion of the inclusions and the austenite cause thermal strains to develop at the 
particle matrix interface which then lowers the activation barrier for acicular ferrite 
nucleation. 
 
 The formation of acicular ferrite plates occurs by repeated nucleation of ferrite 
sub-units by displacive transformation with no partitioning of carbon.
37
.  Before 
additional ferrite sub-units can grow the carbon partitions to the austenite.  After 
continued growth of additional ferrite sub-units, the carbon content of the austenite 
reaches the critical limit which makes further transformation and growth of acicular 
ferrite impossible.  This phenomenon is termed incomplete reaction and occurs as a result 
of the free energy of the carbon enriched austenite matching that of the ferrite, which 
prevents the reaction. 
 
 The formation of acicular ferrite and bainite is a competitive process due to the 
similarities in the transformation characteristics previously mentioned.  Since it may be 
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beneficial to form one microstructure over the other (i.e. acicular ferrite formation 
required to provide toughness in steel welds) it is necessary to understand what 
processing conditions promote the formation of each microstructure.  Figure 23 
demonstrates three microstructural conditions that promote a shift from the formation of 
bainite to acicular ferrite.  The first mechanism that promotes the shift to acicular ferrite 
is shown in Figure 23a, where both small and coarse grained austenite are schematically 
represented.  Increasing the size of the austenite grains will lower grain boundary area per 
unit volume.  Since bainite tends to nucleate at austenite-austenite boundaries, the 
reduction in grain boundary area will suppress the bainite transformation and lead to a 
predominantly acicular ferrite microstructure.  This feature is useful for promoting 
acicular ferrite formation in the coarse grained fusion zone. The second method (Figure 
23b) by which the bainitic transformation can be suppressed relies on the decoration of 
the austenite-austenite grain boundaries with allotriomorphic ferrite.  The austenite-ferrite 
boundaries are significantly less effective nucleation sites for bainite which again 
promotes a shift toward higher volume fractions of acicular ferrite.  The final bainite 
suppression mechanism (Figure 23c) involves the incorporation of potent inclusions into 
the austenite matrix.  The inclusions are described as potent because only certain types of 
inclusions are effective as acicular ferrite nucleation sites.  For example, manganese-
silicates are completely ineffective nucleation sites, whereas titanium-oxide inclusions 
are extremely potent at shifting the microstructure from bainite to acicular ferrite.   
 Another situation that arises as a result of the similarities between acicular ferrite 
and bainite is confusion during the characterization of complicated multiphase weld 
microstructures.  The IIW has created the “Guide to the light microscope examination of 
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ferritic steel weld metals” 39 to help eliminate any confusion.  The IIW document 
provides a robust characterization technique that covers various microstructural 
constituents.  The characterization schemes provided detailed examples of how the 
technique is to be applied as well as clear definitions of each sub-category that exists for 
each microstructure.  With this characterization scheme and the knowledge of the 
acicular ferrite microstructure discussed previously, it should be possible to accurately 
differentiate the weld microstructures that form during gas metal arc welding of NUCu-
140. 
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Tables 
 
Table I - Composition of NUCu-140 alloys. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
Element Concentration (wt %) 
C 0.04 -0.05 
Mn 0.47 – 0.48 
P 0.005 – 0.014 
S 0.001 – 0.004 
Si 0.46 – 0.48 
Cu 1.34 – 1.37 
Ni 2.71 – 2.86 
Al 0.60 – 0.69 
Nb 0.07 
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Figures 
 
Figure 1 – High Resolution Electron Micrograph of a copper precipitate in an alpha iron 
matrix.  The herringbone pattern is evidence of the 9R structure. 
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Figure 2- HREM image of an ellipsoidal 3R precipitate in the heavily overaged condition. 
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Figure 3 - Aging curve for NUCu-alloy  directly aged from 1000°C for various times. 
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Figure 4 - Particle diameter versus aging time for steels aged at 550°C. 
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Figure 5 - Calculated nucleation rate for b.c.c. copper in alpha iron. 
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Figure 6 - Calculated growth rate for b.c.c. copper in alpha iron. 
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Figure 7 - Atom probe tomography analysis of Cu rich precipitates in alpha iron where 
atoms are color coded - a) data from entire analyzed volume with all atoms shown b) iron 
atoms removed for clarity c) isolated region around precipitate A. 
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Figure 8 - Concentration profile of Fe, Cu, Ni, Al, Si and Mn using 5 at% Cu 
isoconcentration surface technique.  Al and Ni are enriched in the precipitate. 
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Figure 9 - Fusion zone of autogenous weld on NUCu-140 showing acicular ferrite. 
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Figure 10 - Variation in yield strength versus aging time at 500°C for NUCu-140. 
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Figure 11 - Impact energy data for NUCu-140 and NUCu-60 at various temperatures. 
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Figure 12 - Variation in yield strength over a wide range of strain rates at several 
different temperatures for NUCu-140 steel. 
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Figure 13 - Variation in hardness across a weldment of NUCu-140 steel along with light 
optical microscopy photomicrographs acquired from various locations in the base metal, 
heat affected zone, and fusion zone. 
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Figure 14 - Schematic showing relative temperature ranges over which particle 
dissolution and particle coarsening are active. 
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Figure 15 - Variation in the equilibrium dissolution temperature due to size of 
precipitates and Gibbs Thompson Effect. 
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Figure 16 - Schematic representation of the kinetic strength of a weld thermal cycle. 
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Figure 17 - Measured size distribution of TiN particles before (dashed lines) and after 
(solid lines) a simulated weld thermal cycle showing the effects of particle coarsening. 
  
 
 
 46 
 
 
 
Figure 18 - Schematic representation of composition as a function of distance around a 
dissolving spherical particle. 
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Figure 19 - Volume fraction of precipitates as a function of distance in the HAZ for 
Mg2Si precipitaes in aluminum. 
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Figure 20 - Schematic representation of the microstructural development of a steel weld 
metal showing delta ferrite, austenite, allotriomorphic ferrite, widmanstatten ferrite, and 
acicular ferrite. 
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Figure 21 - Typical microstructure that forms as a result of the transformation sequence 
shown in Figure 20. α – grain boundary allotriomorphs, αw – widmanstatten ferrite, and 
αa acicular ferrite.  
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Figure 22 - Summary of the four proposed nucleation mechanisms of acicular ferrite. 
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Figure 23 - Schematic illustration of the conditions that promote the formation of either 
bainite or acicular ferrite. 
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CHAPTER 2:  MICROSTRUCTURAL EVOLUTION AND 
MECHANICAL PROPERTIES OF FUSION WELDS IN AN 
IRON-COPPER BASED MULTI-COMPONENT STEEL 
 
Chapter Abstract 
 
 NUCu-140 is a copper-precipitation strengthened steel that exhibits excellent 
mechanical properties with a relatively simple chemical composition and processing 
schedule.  As a result, NUCu-140 is a candidate material for use in many naval and 
structural applications.  Before NUCu-140 can be implemented as a replacement for 
currently utilized materials, the weldability of this material must be determined under a 
wide range of welding conditions.  This research represents an initial step toward 
understanding the microstructural and mechanical property evolution that occurs during 
fusion welding of NUCu-140.  Microhardness traverses and tensile testing using digital 
image correlation show local softening in the heat-affected zone (HAZ).  Microstructural 
characterization using light optical microscopy (LOM) revealed very few differences in 
the softened regions as compared to the base metal.  Local-electrode atom-probe (LEAP) 
tomography demonstrates that local softening occurs as a result of dissolution of the Cu-
rich precipitates.  MatCalc kinetic simulations were combined with welding heat flow 
calculations to model the precipitate evolution within the HAZ.  Reasonably good 
agreement was obtained between the measured and calculated precipitate radii, number 
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density, and volume fraction of the Cu-rich precipitates in the weld. These results were 
used with a precipitate-strengthening model to understand strength variations within the 
HAZ.  
 
Chapter Introduction 
 
Advanced structural steels require high strength and toughness in combination 
with good weldability.  Recent research conducted at Northwestern University [2-9] has 
identified a candidate material that meets these requirements.  NUCu-140 is a high-
strength low-carbon (HSLC) copper precipitation-strengthened steel that exhibits 
excellent mechanical properties with a simple chemistry and heat treatment.  NUCu-140 
is composed of a nominally fine-grained ferritic microstructure with nano-scale Cu-rich 
precipitates that strengthen the material and NbC precipitates that limit the austenite grain 
growth.  Significant cost savings are achieved in this alloy system through: (1) 
minimization of expensive alloying elements such as Mo, Cr, and V; (2) production 
through simple and inexpensive processing techniques; and (3) achievement of 
structurally sound designs using less material, due to the increased strength and 
toughness.  The use of NUCu-140 as a replacement for conventional structural- plate 
material permits material and fabrication cost savings approaching 20% - 35%. [10]  An 
additional benefit of NUCu-140 is that chromium is absent from the alloy, which 
eliminates the safety hazards associated with the formation of toxic hexavalent chromium 
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in the welding fume.[11]  The alloy is also expected to have very good resistance to 
hydrogen cracking due to the low carbon and alloy content.[12] 
 
Extensive research has been performed on the precipitation behavior in the Fe-Cu 
and Fe-Cu-Ni systems.  Investigations have been conducted using a wide range of 
advanced characterization techniques including: transmission electron microscopy (TEM) 
[1, 13-20], atom-probe tomography (AP) [16, 21-23], Mössbauer spectroscopy [24], 
small-angle neutron scattering (SANS) [16, 25-30], extended x-ray absorption fine 
structure (EXAFS) [31-34], positron annihilation [35], and Doppler spectroscopy [36].  
Various simulation and calculation methodologies have also been utilized to investigate 
precipitation in the Fe-Cu system including molecular dynamics simulations [37-39] and 
first-principles calculations [40].  This research has been considered during the 
development of NUCu-140 and has helped to bring the Fe-Cu system to its current state 
of development. 
 
Since NUCu-140 is intended for use as a structural component, it is essential that 
a welding strategy be developed that produces sound welds with minimal and predictable 
changes in the mechanical properties.  Precipitation strengthened alloys can form a 
locally softened heat-affected zone (HAZ) during the fusion welding process as a result 
of coarsening and/or dissolution of the precipitates responsible for strengthening.[41]  
The welding of steels leads to the formation of four distinct regions in the HAZ: (1) the 
subcritical region; (2) the intercritical region; (3) the fine-grained austenite region; and 
(4) the coarse-grained austenite region.[42]  The peak temperature of a weld region is 
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defined as the highest temperature that is experienced in that region as a result of a 
particular weld thermal-cycle. The subcritical region occurs furthest from the fusion line 
of the weld, where the peak temperature does not exceed the Ac1 temperature.  Due to 
the relatively low peak-temperature experienced in the sub-critical region, there is no 
transformation to austenite (face-centered cubic (f.c.c.)) during heating.  The intercritical 
region occurs at locations that experience a peak temperature between the Ac1 and Ac3 
temperatures.  Partial transformation can also occur partly due to the inhomogeneous 
distribution of alloying elements, which will cause slight changes in both the local Ac1 
and Ac3 temperatures.  Areas that do not transform to austenite experience an effect 
similar to that of the subcritical region.  The fine-grained austenite region occurs where 
the Ac3 temperature is minimally exceeded in terms of both time and temperature.  The 
coarse-grained austenite region occurs where the Ac3 temperature is exceeded with much 
higher temperatures and for longer times.  In this region the ferrite (body-centered cubic 
(b.c.c.)) grains not only transform to austenite but there is enough additional thermal 
energy to promote austenite grain-growth.[42]  The fine-grained and coarse-grained 
austenite HAZ regions are commonly referred to together as sub-divisions of the fully 
austenitized HAZ region of the weld, which transforms completely to austenite during the 
heating portion of the weld thermal cycle. 
 
To enable NUCu-140 to be used on a large-scale basis, it is imperative to develop 
an understanding of the microstructural changes in each of these distinct weld regions 
and determine their influence on the mechanical properties in the weld and HAZ.  In this 
research, a study was performed through evaluation of both gas-metal arc welds 
 
 
 56 
(GMAW) and gas-tungsten arc welds (GTAW) using microhardness measurements, 
tensile testing, light optical microscopy (LOM), and local electrode atom probe (LEAP) 
tomography.  The experimental results were modeled using Smartweld Optimization and 
Analysis Routine and MatCalc kinetic simulation software.  The mechanical testing data 
shows that local softening occurs in the HAZ as a result of the weld thermal-cycle.  The 
LEAP tomographic analysis reveals that the mechanical property trends occur as a result 
of either full or partial dissolution of the Cu-rich precipitates during the heating portion of 
the weld thermal-cycle, followed by re-precipitation during the cooling cycle.  The 
modeling results confirm the observed experimental precipitate evolution trends.  The 
results of this study serve as a starting point for future development of NUCu-140 
welding parameters.  
 
Chapter Experimental Procedures 
 
 The materials investigated in this study are copper-precipitation strengthened 
NUCu-140 and an experimental welding wire developed specifically for this project, 
designated Exp2.  The weld wire was designed to have a near-matching composition after 
welding to the NUCu-140 substrate to limit compositional changes from the filler wire.  
The chemical compositions of the NUCu-140 base metal and Exp2 welding wire are 
given in Table II.  The NUCu-140 was cast into ingots and homogenized at 1150 °C for 3 
hr prior to hot rolling at approximately 950 °C and air cooled.  The plates were 
solutionized at 900 °C for 1 hr, water quenched to room temperature, aged at 550 °C for 2 
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hr, and air cooled to room temperature.  Gas-metal arc-welds (GMAW) were prepared on 
a milled, 9.5 mm thick NUCu-140 plate with 1.14 mm diameter welding wire using a 
fully automated GMAW system.  Autogenous gas-tungsten arc-welds (GTAW) were 
fabricated on a milled, 6.35 mm thick plate on an automated GTAW system.  The 
welding parameters for both the GMAW sample and GTAW sample are listed in Table 
III.  Microhardness measurements were performed using a LECO M-400FT tester with a 
300 g load, 15 sec dwell time, and a Vickers diamond indenter.   
 
A rectangular tensile test sample, 89 mm x 6.4 mm x 0.5 mm, was prepared where 
the weld penetrated the entire thickness of the sample.  A schematic illustration of the 
tensile test sample is shown in Figure 24.  Tensile testing was conducted using a strain 
rate of 0.01 in min
-1
.  Digital images of the deforming bead blasted surface were captured 
once per second using an Allied Vision Technologies Marlin F-145B2 Firewire camera 
with a 1392 × 1040 pixel CCD.  A photographic macro-lens was used to project the 
image of the 6.4 mm wide tensile bar onto the 12.7 mm CCD.  The field-of-view 
projected onto the CCD was 8.5 mm × 11.4 mm, corresponding to a pixel resolution of 
8.2 × 8.2 m2.  VicSNAP software from Correlated Solutions, Inc. was used to capture 
the images along with a corresponding data file containing time, force, and extensometer 
strain data. Vic-2D (Correlated Solutions, Inc) was used to correlate the resulting images 
for the calculation of displacement and strain.  The Vic-2D analysis estimated local 
deformation for image subsets of 29 × 29 pixels (238 × 238 m on the tensile specimen).  
These subsets were analyzed on a periodic grid over a region-of-interest that included 
almost the entire width of the welded region of ~6 mm (0.24 in.) as well as base metal on 
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either side of the weld.  The subset size for deformation analysis was sufficiently smaller 
than the size of the fusion zone (FZ) so that local constitutive properties of the fusion 
zone could be distinguished from the heat-affected zone and base metal.   
 
GMAW LOM samples were prepared using standard metallographic techniques 
and etched using a 3% Nital solution.  There was a slight modification in polishing 
procedure for the GTAW samples where etching was performed after each of the final 
polishing stages to minimize deformation artifacts in the specimen.  LOM Grain size 
measurements were conducted according to ASTM Standard E112-96(2004)ε2 and five 
fields were measured per sample.  Dilatometry measurements were performed using a 
Gleeble 3500 thermo-mechanical simulator using 6.0 mm diameter samples that were 70 
mm in length.  The heating and cooling rates were controlled using the QuikSim software 
package supplied with the Gleeble 3500. Subsequent data analysis was also performed 
using the QuikSim software package.  
  
Samples for local electrode atom probe (LEAP) tomographic analyses (Cameca) 
were removed from target locations in the weld and prepared using a FEI Helios dual-
beam focused ion-beam (FIB) microscope.  A 500 nm thick Pt cover layer was used to 
protect the underlying steel specimen from Ga
+
 ion damage during FIB preparation.  Two 
cuts made at ±30° created a wedge-shaped cantilever bar, which was extracted using a 
tungsten micromanipulator needle.  The bar was further sectioned into smaller pieces and 
each piece was mounted on top of a Si micropost array using Pt welds. Each mounted 
specimen was then shaped using annular-milling patterns with a 30 kV Ga
+
 ion beam.  
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Final sharpening to an end radius of approximately 20 nm was performed using 5-8 kV 
Ga
+
 ions to minimize the implantation of Ga atoms and resulting radiation damage in an 
atom-probe tomographic (APT) sample.  Immediately following FIB milling, the samples 
were placed under vacuum and analyzed using a LEAP 4000X Si instrument equipped 
with an ultraviolet (wavelength = 355 nm) laser.  The samples were analyzed at a 
pressure of less than 3 x 10
-11
 Torr at a specimen temperature of 50 K. The laser was 
operated at a pulse repetition rate of 1000 kHz, with a laser energy of 45-50 pJ per pulse, 
and an average evaporation rate of 1.0% (1 ion evaporated per 100 laser pulses).  The 
data from each run was collected and reconstructed using the IVAS software package. 
Copper precipitates were detected and analyzed using the envelope method.[4]  In each 
data set, the copper precipitates and carbide phases are delineated using isoconcentration 
surfaces for visual purposes only.[43, 44]   
  
Chapter Results and Discussion 
 
Figure 25 exhibits a microhardness trace performed on a NUCu-140 GMAW 
sample, which spans the base metal, HAZ, and FZ of the weld.  Local softening in the 
HAZ is observed as a result of the weld thermal cycle.  The base metal and fusion zone 
microhardness are approximately 300 HV and 260 HV, respectively.  A microhardness 
minimum of 240 HV occurs in the HAZ between the fusion zone and base metal.  These 
microhardness results are significantly different than those typically observed in 
quenched and tempered steel welds, which exhibit an increase in microhardness in the 
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HAZ due to the formation of martensite.  NUCu-140 does not form an appreciable 
volume fraction of martensite during cooling under these conditions due to its low 
alloying elemental concentrations.  A microhardness trace was also performed on the 
NUCu-140 GTAW and the results are displayed in Figure 26.  The base metal 
microhardness values are very similar for the GTAW (≈ 290 HV) and GMAW (≈ 295 
HV) regions.  There is also a locally softened HAZ region in the GTAW, which has a 
minimum microhardness value of approximately 240 HV.  The observed locally softened 
HAZ in the GTAW is consistent with what was observed in the GMAW.  However, the 
GTAW hardness trace shows that the fusion zone (≈ 330 HV) exhibits a higher 
microhardness than the base metal (≈ 290 HV).  This is opposite to the trend observed in 
the GMAW, where the fusion zone was softer than the base metal.  This indicates that, 
depending on the welding parameters, cooling rate, etc., it should be possible to form a 
fusion zone microstructure that is at least as hard as the base metal.  This is an important 
finding that will not be pursued in this article.  There is also a slight difference in the 
HAZ hardnesses between the GMAW and GTAW samples. The outer edge of the HAZ 
in the GTAW sample exhibits a slight increase in microhardness relative to the base 
metal, while the entire HAZ of the GMAW sample is always softer than the base metal. 
 
The tensile test results for the GTAW sample are displayed in Figure 27.  Figure 
27A and B show the early and final stages of testing, respectively.  In Figure 27B, strain 
is localized in the softened HAZ region prior to fracture.  Figure 27C exhibits a post-
fracture image of the tensile sample where failure has occurred in the locally softened 
HAZ region.  Digital Image Correlation (DIC) measurements show the greatest amount 
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of strain localization occurs in the HAZ region.  Figure 27D displays the stress versus 
strain curves measured in the base metal, HAZ, and FZ regions, as well as the 
macrostrain of the entire specimen measured using an extensometer. It is evident from the 
stress-strain curves that the locally softened HAZ region underwent the greatest amount 
of strain, while the fusion zone underwent the least.  The strain level in the base metal fell 
between that of the HAZ and FZ.  The macrostrain curve generated using an 
extensometer falls between the high-strain (HAZ) and low-strain (FZ) curves because the 
extensometer is simultaneously measuring the cumulative effects of all three regions of 
the sample.  Also there is a loading interruption associated with each of the stress versus 
strain curves.  It is believed that this is associated with yield point phenomena in the base 
metal, and is consistent with tensile tests performed on unwelded base metal.  It is 
unclear if there is a yield point in the HAZ region, or if the interruption in the HAZ curve 
is due to the load drop associated with the base metal.  The locally softened HAZ region 
and the higher strength of the fusion zone in the GTA weld observed through tensile 
testing is consistent with the HAZ microhardness trends observed in the GTAW. To 
better understand the observed microhardness trends, several regions (labeled in Figure 
25) of the GMAW sample were examined using LOM and LEAP tomography.   
 
Figure 28 displays LOM micrographs of the base metal, HAZ, and FZ.  The base 
metal, HAZ 1, and HAZ 2 regions of the GMAW HAZ exhibit a predominantly equiaxed 
ferritic microstructure with only small microstructural changes across the three regions 
detected at the LOM level.  The grain size of the HAZ 1 region (11.2 ± 0.74 µm) is 
essentially identical to the grain size of the base metal (11.4 ± 0.91 µm), while the HAZ 2 
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(8.8 ± 0.51 µm) region has a slightly smaller grain size than the base material.  The grain 
size reduction in the HAZ 2 region occurs as a result of the weld thermal cycle.  The 
equiaxed ferritic structure in HAZ 2 transforms to austenite during the heating portion of 
the thermal cycle.  As the heat source moves away, the austenite transforms back to 
ferrite.  The high cooling rate in this zone allows for rapid ferrite grain nucleation and a 
smaller ferrite grain size results.  This result suggests that the HAZ 2 region experiences a 
peak temperature above the Ac3 temperature.  The HAZ 3 region and the FZ 
microstructure display a predominantly acicular structure composed of acicular ferrite, 
which may also include Widmanstätten ferrite or bainite.  Acicular ferrite nucleates 
intragranularly on heterogeneous nucleation sites, such as oxide inclusions, and its 
formation is enhanced when the austenite grain size increases.[45-48]  The observation of 
acicular ferrite is thus an indication of significant austenite grain coarsening during the 
weld thermal cycle compared to the HAZ 2 region, which does not exhibit an acicular 
ferrite structure.  NUCu-140 was designed to contain a small fraction of NbC precipitates 
located on austenite grain boundaries to inhibit austenite grain growth at high 
temperature.  The relatively small change in grain size between the BM, HAZ1, and 
HAZ2 regions suggests that the peak temperature is not high enough to dissolve the NbC 
precipitates and allow for austenite grain growth to occur at these locations.  HAZ3 and 
the FZ both contain acicular ferrite structures indicative of significant austenite grain 
growth, which suggests that the temperatures in these two regions was high enough to 
dissolve the NbC precipitates.  Thermodynamic calculations performed on similar alloys 
indicate the solvus temperature of NbC lies between 1050°C and 1100°C.[8]  LOM 
photomicrographs from the GTAW sample are displayed in Figure 29.  The slightly 
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different appearance and contrast in Figure 28 and Figure 29 results from the modified 
polishing procedure discussed previously.  The GTAW exhibits similar microstructures 
to the GMAW, where the base metal, HAZ 1, and HAZ 2 regions are composed of 
equiaxed ferrite and the HAZ 3 and fusion zones contain an acicular-type structure.  
 
 The actual thermal cycles experienced in the HAZ 1, HAZ 2, and HAZ 3 regions 
of the GMAW were estimated using the Smartweld Optimization and Analysis Routine  
[49] software with an 85% transfer efficiency for the GMAW process.[50]  The Sandia 
Optimization and Analysis Routine software was developed by using least-squares fitting 
of experimental welding data, including weld dimensions and welding parameters, and 
asolutions to the two-dimensional (2-D) and three-dimensional (3-D) heat-flow 
equations.  Once proper fitting was achieved, effective thermal property values were 
determined.  The effective property values were then used in the solutions to the 2-D and 
3-D heat flow equations to predict the thermal cycles that would be produced under a 
variety of welding parameters.  This method has been shown to provide very good 
agreement with experimental data. [49]  Application of the Sandia Optimization and 
Analysis Routine software to the current GMAW determined that the BM, HAZ 1, HAZ 
2, and HAZ 3 regions experienced peak temperatures of 150 °C, 675 °C, 910 °C, and 
1350 °C, respectively.  The calculated weld thermal cycles associated with these peak 
temperatures are displayed in Figure 30.   The peak temperature in the FZ was 
approximated to be 2500 °C.  
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Figure 31 shows dilatometry measurements performed under thermal cycles 
representative for the HAZ 1 (675°C), HAZ 2 (910°C), and HAZ 3 (1350°C) regions of 
the GMAW.  The HAZ 1 dilatometry curve implies there is no transformation to 
austenite, indicating that the HAZ 1 region is representative of the subcritical HAZ.  The 
HAZ 2 dilatometry curve indicates nearly full transformation to austenite, which then 
appears to fully re-transform to ferrite on cooling.  This is representative of the fine 
grained HAZ region.  The HAZ 3 region fully transforms from ferrite-to-austenite on 
heating and then transforms from austenite-to-acicular ferrite on cooling.  The starting 
and ending segments of the HAZ 3 dilatometry curve do not overlap because of the 
change from equiaxed ferrite to the acicular-type microstructure, which is present in this 
region.  
Figure 32 displays micrographs that correspond to each dilatometry specimen.  
The micrographs confirm that the same morphology is produced in the dilatometry 
specimens as was observed in the GMAW, see Figure 28.  The apparent similarity in 
ferrite grain-size in the BM, HAZ 1, and HAZ 2 regions does not explain the observed 
microhardness trends, which suggests that the observed differences may be attributed to 
changes in the Cu precipitate size and their distribution.  The slight hardness recovery 
measured in the HAZ 3 and FZ regions can be attributed to the acicular structure, which 
increases the region’s strength due to fine substructure. 
  
Local-electrode atom-probe (LEAP) tomographic measurements were performed 
on four selected regions of the GMAW sample to examine the changes in average 
precipitate radius, <R>, number density, NV, and volume fraction, φ.  For visualization 
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purposes only, red isoconcentration surfaces are used to delineate the larger Cu-rich 
precipitates in each reconstruction, but isoconcentration surfaces are not well suited for 
visualization of the small, freshly formed Cu precipitates in the HAZ and FZ samples.   
Figure 33 therefore, displays representative reconstructions from each sampled 
region, which qualitatively show the size, morphology, and distribution of the larger Cu 
precipitates in each region. The envelope method, which is much better suited for 
measuring the smallest Cu-rich precipitates, is used to determine <R>, NV, and φ, shown 
in Figure 34.  Any perceived differences in the results presented in Figure 33 and Figure 
34 can be attributed to the isoconcentration and envelope methods used to generate the 
data. The <R> measurements demonstrate that the average radius of the precipitates 
decreases from the base metal (3.83 nm) into the FZ (0.60 nm).  The NV measurements 
demonstrate that the base metal (1.0 x 10
23
 m
-3
) and fusion zone (9.0 x 10
22
 m
-3
) contain 
the smallest NV of precipitates, while there is an intermediate peak in the NV value in the 
HAZ 2 region (4.0 x 10
23 
m
-3) of the weld.  The φ measurements exhibit a steady 
decrease in the phase fraction when moving from the base metal (0.032) into the fusion 
zone (0.00014).  The overall trends of <R>, NV, and φ are consistent with the observed 
GMAW microhardness trace (Figure 25) as the microhardness decreases directly with 
<R> and φ.  The slight microhardness recovery observed in the GMAW HAZ 3 and FZ 
regions, as compared to the HAZ 2 region, can be attributed to the acicular ferritic 
microstructure in this region, since the presence of acicular ferrite typically leads to 
superior mechanical properties.[51]. 
The expected precipitate evolution in the BM, HAZ, and FZ regions was modeled 
using MatCalc kinetic simulation software. [52-55]  The MatCalc method is a new model 
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for estimating precipitate nucleation and growth kinetics in multi-component and 
multiphase alloys and can treat complex systems and precipitation sequences.  The 
MatCalc approach represents a significant improvement on the classical nucleation, 
growth, and coarsening models when applied to the Fe-Cu system because it accounts for 
the compositional dependence of interfacial energy and chemical driving force.  The 
MatCalc model demonstrates that the rapid nucleation kinetics of the Fe-Cu system can 
be captured when the precipitates contain significant amounts of Fe, while the dissolution 
kinetics can be accurately modeled if the dissolution of the thermodynamically less stable 
Fe-rich precipitates is accounted for. [52, 54]  Additional details of the MatCalc 
precipitation model are published elsewhere [52-55].  The current calculations were 
conducted by combining the chemical composition, weld thermal cycles, and relevant 
transformation temperatures with the built-in thermodynamic and kinetic databases 
contained within MatCalc. 
 
The results of the MatCalc simulations are presented in Figure 35 through Figure 
39 and a summary of the data and a comparison with the LEAP tomographic 
measurements is presented in Table IV.  Figure 35 displays the thermal history and 
predicted <R>, NV, and φ values anticipated as a result of the solutionizing and aging 
treatments that the base metal experiences.  The results demonstrate that there are no 
precipitates present immediately following the 900 °C solutionizing treatment.  At the 
beginning of the 550 °C aging treatment, precipitation commences as evidenced by the 
increase in <R>, NV, and φ values.  As the aging treatment continues the precipitates 
begin to undergo a combination of growth and coarsening as evidenced by the increasing 
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values of <R> and φ, and the decreasing value of NV.  The results indicate that the larger 
particles are growing at the expense of the shrinking smaller precipitates.  Growth and 
coarsening occur simultaneously up to ~ 3 hours, as evidenced by the changes in <R>, 
NV, and φ.  Results for the 150 °C peak temperature are not presented because this region 
is essentially unaffected base metal and therefore there is no change in the precipitate 
parameters as a result of the thermal profile.   
 
Figure 36 displays the precipitate parameters for the 675 °C peak temperature.  
No significant changes occur during the heating portion of the weld thermal cycle. There 
is slight dissolution of precipitates during the early stages of the cooling cycle as 
indicated by the initial decrease in <R>, NV, and φ values. As the cooling portion of the 
thermal cycle proceeds, the excess solute causes re-precipitation of new and smaller Cu-
rich precipitates, which result in an increase in NV and a concomitant decrease in <R>, 
since the new precipitates are significantly smaller than the pre-existing Cu-rich 
precipitates.  This causes the 675 °C peak temperature to contain a bi-modal precipitate 
distribution.  The significance of bi-modal distribution will be discussed later in the 
manuscript.  Figure 37, Figure 38, and Figure 39 show the simulation results for the 910 
°C, 1350 °C, and 2500 °C peak temperatures, respectively.  For all three peak 
temperatures the precipitates are predicted to dissolve completely on heating and then re-
precipitate during the cooling portion of the weld thermal cycle, although at a much 
lower volume fraction than initially. 
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Overall, the MatCalc simulations are in reasonably good agreement with the 
LEAP tomographic results, where the measured and calculated values exhibit the same 
trends for each of the three parameters.  The φ results indicate, however, that the LEAP 
tomographic measurements are systematically higher than the MatCalc simulations, 
Table IV.  This discrepancy in volume fraction is due to the difference in Fe 
concentration between the MatCalc simulation and the LEAP tomographic data.  The 
LEAP tomographic data measures Fe concentrations in the range of 40 to 60 at% Fe in 
the Cu-rich precipitates.  Since precipitate volume fractions are determined by counting 
atoms in the precipitate, the inclusion of Fe can effectively double the measured volume 
fraction compared to the MatCalc values, which assume a more Cu-rich precipitate.  
Comparing the phase fractions after the initial solutionizing and aging treatment, the 
LEAP tomographic and MatCalc results exhibit φ values of 0.032 (3.2 %) and 0.01 (1.0 
%), respectively.  An estimate can be made of the precipitate volume fraction that would 
be expected after aging using the lever law and Eqn. 1, which was determined 
experimentally.[56]  Eqn. 1 gives the Cu solubility (wt. %) in alpha-Fe (b.c.c.) as a 
function of aging temperature: 
 
                  
       
  
 
       
 
        ;  (1) 
 
where T is the aging temperature in degrees Kelvin.  Eqn. 1 yields a solubility of 0.212 
wt. % Cu at 823 K.  The expected precipitate volume fraction (φ) was then estimated 
using the lever law for both the experimentally measured precipitate Cu-concentration (~ 
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35 wt. % Cu) and a published precipitate Cu concentration for a similar Fe-Cu based 
alloy (87 wt. % Cu). [57]  Substituting the nominal composition of the alloy, the 
calculated Cu solubility, and the precipitate Cu concentrations into the lever law yields a 
predicted precipitate phase fraction of 3.27 % for the LEAP tomographic Cu 
concentration and a precipitate volume fraction of 1.3 % for the published [57] precipitate 
Cu concentration.  The LEAP tomographic Cu concentration yields a phase fraction that 
is in good agreement with the experimentally measured phase fraction (≈ 3.2 %), while 
the published [57] precipitate Cu concentration yields a phase fraction of 1.3 %, which is 
in close agreement with the MatCalc prediction (≈ 1.0 %).  However, the Cu precipitate 
concentrations measured in [57] were determined using the precipitate core 
concentration, whereas this analysis uses the total Cu concentration of the precipitates. 
Using the total of Cu concentration of the precipitate includes the interfacial region, 
which is significantly enriched in Fe.  This measured enrichment of Fe can be caused by 
thermodynamic segregation of Fe atoms at the interface, an atom-probe tomographic 
artifact caused by the difference in evaporation fields between the matrix and Cu 
precipitates, or both simultaneously.  It has been shown that evaporation caused by laser 
pulsing can increase the amount of matrix ions measured inside the precipitate relative to 
voltage-pulsed experiments and results in an artificially large volume fraction of Cu 
precipitates when applied to similar alloy systems. [58] The artificially large volume 
fraction measurement occurs as a result of the artificially broadened interfacial widths 
that result from either change in the degree of trajectory overlap or from surface diffusion 
that occurs during the evaporation process.  This large variation in the Cu precipitate 
concentration implies precipitate phase fractions that differ by a factor of 3.  Uncertainty 
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in the precipitate Cu concentration is a known problem for the Fe-Cu system, with 
reported precipitate Cu concentrations ranging from essentially pure Cu to as low as 30 at 
% Cu depending on the measurement technique. [59]  The problem of measuring the true 
composition of Cu precipitates in the Fe-Cu system has been extensively documented and 
is beyond the current scope of this research.  It is important to note that the trends in 
precipitate size, number density, and volume fraction across the weld zone are identical 
for both the MatCalc simulations and the LEAP tomographic results, even though the 
absolute values differ.   
 
 The strengthening model proposed by Russell and Brown [60] can be used to 
estimate the strengthening contributions that would be expected based on the measured 
Cu precipitate features. The Russell-Brown model assumes a random distribution of 
spherical precipitates that are elastically softer than the surrounding matrix, which is the 
case for the Fe-Cu system[60]. Th  
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where G is the shear modulus of the matrix (77 GPa); b is the Burgers vector (0.25 nm); 
L is the interprecipitate spacing (equation 5); EP is the dislocation energy in the 
precipitate; EM is the dislocation energy in the matrix;   
 is the dislocation energy in the 
precipitate per unit length;   
  is the dislocation energy in the matrix per unit length; r is 
the radius; r0 is the inner cut-off radius (2.5b); and R is the outer cut-off radius (1000r0).  
The shear modulus of bcc Cu is assumed to be equivalent to that of fcc Cu.  The ratio of 
dislocation energy per unit length in the precipitate and matrix (  
   
  ) is approximately 
0.6. [60]  The shear strength in each HAZ region is calculated by substituting in the 
precipitate parameters measured utilizing LEAP tomography.  The overall strength 
change is calculated by applying a Schmid factor of 2.5 [60] and then determining the 
predicted strength difference of each region compared to the base metal.  Application of 
the Russell-Brown model does have several limitations, which include: the assumption 
that the shear modulus of f.c.c. Cu and b.c.c. Cu have the same value; the calculation of L 
based on radius and precipitate volume fraction is subject to significant error [60]; the 
cut-off radius values are geometric approximations; and there is appreciable scatter in the 
LEAP tomographic data used to make the calculations.  However, Caron et al [41] have 
demonstrated that the model provides good agreement between calculation and 
experiment for a similar alloy system in spite of its limitations.  The calculation results 
are plotted in Figure 40 as a function of the measured microhardness change.  The 
predicted strength change calculation for HAZ 1 can only be considered an 
approximation as a result of the bi-modal precipitate distribution that develops in this 
region.  The interprecipitate spacing (L) is calculated based on the precipitate parameters 
r and φ, and on the assumption that there is a single precipitate size distribution.  
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Therefore the calculation of L is a potential source of error that should be noted when 
considering the HAZ 1 region.  However, the results do show good agreement between 
the measured hardness change and the strength change calculated using the Russell-
Brown model.  The agreement verifies that the reduction in strength within the HAZ can 
be attributed primarily to the precipitate evolution that occurs as a result of the weld 
thermal cycle.  Calculations for the fusion zone are not included because it exhibits a 
significantly different matrix microstructure.  
Chapter Conclusions 
 
 Both gas-metal arc-welds and gas–tungsten arc welds on NUCu-140 exhibit local 
softening of the heat-affected zone as a result of the fusion welding process.  This 
softening was quantitatively measured employing both microhardness traces and 
tensile testing results. 
 
 Local-electrode atom-probe (LEAP) tomography demonstrated that the local 
softening is a result of either partial or full dissolution of the Cu-rich precipitates 
followed by re-precipitation that occurs due to the weld thermal cycles 
experienced in the different HAZ regions.   
 
 The HAZ 1 region, which is representative of the sub-critical heat–affected zone, 
experiences partial dissolution of the Cu- rich precipitates during heating followed 
by re-precipitation of new, small Cu-rich precipitates, which yield a decrease in 
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the copper precipitates’ radius, an increase in their number density, and with only 
a small change in their overall phase fraction. 
 
 The HAZ 2 region (representative of the fine-grained HAZ) and HAZ 3 region 
(representative of the coarse-grained heat-affected zone), and the fusion zone 
experience full dissolution of the Cu-rich precipitates on heating followed by re-
precipitation during cooling.   
 
 The observed microstructural and mechanical property trends can be rationalized 
using an available strengthening model that predicts the observed trend between 
the experimentally measured hardness and the calculated strength based on the 
measured precipitate evolution.    
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Chapter Tables 
 
Table II - Composition of copper-precipitation strengthened NUCu-140 and an experimental weld 
wire designed with a near matching composition (in wt. %). 
 
 
 
  
Element NUCu-140 Weld Wire Exp 2 
Al 0.65 0.64 
C 0.04 0.05 
Cu 1.35 1.70 
Fe Bal. Bal. 
Mn 0.47 0.56 
Nb 0.07 0.08 
Ni 2.75 2.80 
P 0.009 0.006 
S 0.002 0.006 
Si 0.47 0.49 
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Table III - Welding parameters used for NUCu-140  gas-metal arc weld and gas-tungsten arc 
weld. 
 
Parameter GMAW GTAW 
Power (Watts) 7280 1500 
Travel Speed (mm/s) 4.2 2 
Heat Input (J/mm) 1733 750 
Welding Wire Exp 2 NA 
Shielding Gas ultra high purity argon ultra high purity argon 
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Table IV - Summary of MatCalc results for the four analyzed regions of the GMAW.  
  
Sample 
Location 
Peak 
Temperature 
(°C) 
MatCalc 
Radius 
(nm) 
LEAP 
Radius 
(nm) 
MatCalc 
Number 
Density  
(m
-3
) 
LEAP 
Number 
Density 
(m
-3
) 
MatCalc 
Phase 
Fraction 
LEAP 
Phase 
Fraction 
Base Metal 
(BM) 
150 4.24 3.83 2.53 x 10
22
 1.0 x 10
23
 0.01 0.032 
HAZ 1 675 1.40 1.36 7.62 x 10
22
 2.0 x 10
23
 0.0066 0.007 
HAZ 2 910 0.55 0.81 5.98 x 10
24
 4.0 x 10
23
 0.0042 0.003 
FZ 2500* 0.55 0.60 6.42 x 10
24
 9.0 x 10
22
 0.0045 0.00014 
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Chapter Figures 
 
 
Figure 24 - Sample design and dimensions for tensile testing using digital image correlation.  The 
tensile axis is parallel to the rolling direction. 
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Figure 25 - Microhardness trace on NUCu-140 GMAW.  Red circles indicate areas for LOM 
investigation and LEAP analysis. 
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Figure 26 - Microhardness trace on NUCu-140 GTAW.  Red circles indicate areas for LOM 
investigation. 
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Figure 27 –A) Beginning stage of tensile DIC test. B) Late stage of tensile DIC test showing 
strain localization in the HAZ. C) Post-fracture image of the sample showing failure in the HAZ. 
D) Stress-strain curves generated for each region of the sample as well as the overall strain 
measured with an extensometer. 
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Figure 28 - LOM images of the five highlighted areas on the GMAW microhardness trace.  The 
BM, HAZ 1, and HAZ 2 regions consist of equiaxed ferrite.  The HAZ 3 region and the FZ 
exhibit an acicular structure with a mixture of Widmanstätten and acicular ferrite. 
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Figure 29 - LOM images of the five highlighted areas on the GTAW microhardness trace.  The 
BM, HAZ 1, and HAZ 2 regions consist of equiaxed ferrite.  The HAZ 3 region and the FZ 
exhibit an acicular structure with a mixture of Widmanstätten and acicular ferrite. 
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Figure 30 - Results of Sandia Optimization and Analysis Routines calculations that predict the 
thermal cycles that would be experienced at the BM, HAZ 1, and HAZ 2 sample locations. 
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Figure 31 - Dilatometry results for the HAZ 1, HAZ 2, and HAZ 3 regions of the GMAW.   
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Figure 32 - Corresponding LOM micrographs from the HAZ 1, HAZ 2, and HAZ 3 dilatometry 
samples showing that the final microstructures are consistent with the as-welded microstructures. 
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Figure 33 - LEAP reconstructions from the (A) base metal, (B) HAZ 1, (C) HAZ 2, and (D) FZ 
regions of the GMAW.  The reconstructions are meant as a qualitative visualization tool only. 
Iron matrix atoms are shown as blue dots while Cu precipitates are delineated by red 
isoconcentration surfaces.  No precipitates were detected in D as a result of the isoconcentration 
method used to produce the reconstruction.    
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Figure 34 - LEAP tomography data collected from NUCu-140 GMAW showing the evolution of 
the average precipitate radius (<R>), number density (Nv), and volume fraction (φ) across the 
base metal, HAZ, and FZ of the weld.  
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Figure 35 - MatCalc simulation result for solution and aging of NUCu-140 base metal showing 
the thermal profile as well as the calculated evolution of the precipitate radius, number density, 
and phase fraction during the GMAW thermal cycle. 
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Figure 36 - MatCalc simulation result for HAZ 1 (675°C peak temperature) showing the 
calculated evolution of the precipitate radius, number density, and phase fraction during the 
GMAW thermal cycle. 
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Figure 37 - MatCalc simulation result for HAZ 2 (910°C peak temperature) showing the 
calculated evolution of the precipitate radius, number density, and phase fraction during the 
GMAW thermal cycle. 
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Figure 38 - MatCalc simulation result for the HAZ 3 (1350°C peak temperature) showing the 
calculated evolution of the precipitate radius, number density, and phase fraction during the 
GMAW thermal cycle. 
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Figure 39 - MatCalc simulation result for the FZ (2500°C peak temperature) showing the 
calculated evolution of the precipitate radius, number density, and phase fraction during the 
GMAW thermal cycle. 
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Figure 40 - Predicted strength change calculated using Russell-Brown model versus measured 
hardness change for the NUCu-140 GMAW (`1700 J/mm) regions showing good agreement 
between calculation and experiment. 
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CHAPTER 3:  MICROSTRUCTURAL EVOLUTION AND 
MECHANICAL PROPERTIES OF SIMULATED HEAT-
AFFECTED ZONES IN AN IRON-COPPER BASED MULTI-
COMPONENT STEEL 
 
Chapter Abstract 
 
 NUCu-140 is a recently developed steel that relies on nano-scale Cu-rich 
precipitates to achieve strength levels in excess of 825 MPa (120 ksi).  In order for 
NUCu-140 to be utilized as a structural material, a comprehensive welding strategy must 
be developed.  Since NUCu-140 is a precipitation strengthened material, this strategy 
must include a detailed understanding of the precipitate evolution that occurs in the heat-
affected zone (HAZ) as a result of welding thermal cycles.  A combination of 
dilatometry, HAZ simulations, and mechanical testing are presented to determine the 
mechanical properties that develop in the HAZ of NUCu-140.  MatCalc kinetic 
simulations and Russell-Brown strengthening  calculations are conducted to model the 
observed precipitate and mechanical property trends.  The microhardness and tensile 
testing results reveal that local softening is expected in the HAZ of NUCu-140 welds.  
MatCalc simulations show that a combination of partial dissolution, full dissolution, and 
re-precipitation of the Cu-rich precipitates is expected to occur in the various HAZ 
regions.  The predicted precipitate parameters are used as input to the Russell-Brown 
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strengthening model to estimate the changes in strength expected due to changes in 
precipitate features.  The measured and predicted strength levels exhibit very good 
quantitative agreement for the low heat input simulations and reasonable qualitative 
agreement for the high heat input weld simulations.  
 
Chapter Introduction 
 
 Copper precipitation strengthened materials such as HSLA (high-strength low-
alloy) 80 and 100 have been used extensively in naval and structural applications due to 
their excellent combination of strength and toughness.  As a result of the ever increasing 
need to minimize cost, it is desirable to develop an HSLA variant that can achieve even 
higher strength levels ( ≥ 825 MPa (120 ksi)), while maintaining suitable toughness.  
Recent research conducted at Northwestern University has produced a candidate 
structural material that achieves strength levels in excess of 825 MPa while retaining 
toughness levels that would exceed the requirements for most naval and structural 
applications.[2-9, 61]  NUCu-140 is a copper-precipitation strengthened steel that is 
composed of a nominally ferritic microstructure with nano-scale Cu-rich precipitates that 
strengthen the material, and NbC precipitates that limit the austenite grain growth.  The 
use of NUCu-140 can offer significant cost savings as a result of: (1) minimization of 
expensive alloying elements; (2) simple production using inexpensive processing 
techniques; and (3) construction of structurally sound designs using less material due to 
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higher strength.  It has been estimated that the utilization of NUCu-140 can produce a 
fabrication cost savings of 20-35%. [10]    
 
 In order for NUCu-140 to be utilized as a structural material, a comprehensive 
welding strategy must be developed.  Since NUCu-140 is a precipitation strengthened 
material, this strategy must include a detailed understanding of the precipitate evolution 
that occurs in the heat-affected zone (HAZ).  There are four distinct regions that typically 
develop in the HAZ of steel welds: (1) the subcritical HAZ region; (2) the intercritical 
HAZ region; (3) the fine-grained austenite HAZ region; and (4) the coarse-grained 
austenite HAZ region.[42]  These regions are defined by the peak temperatures that they 
experience relative to the austenization temperatures of the material, Ac1 and Ac3.  The 
sub-critical HAZ experiences a peak temperature during the weld thermal cycle that does 
not exceed the austenite start temperature (Ac1).  Therefore, the sub-critical region does 
not undergo any transformation to austenite.  The intercritical region experiences a peak 
temperature between the Ac1 and Ac3 temperatures which results in partial 
transformation to austenite during the weld thermal cycle.  The fine-grained HAZ region 
experiences a peak temperature that exceeds the Ac3 temperature and therefore causes 
full transformation to austenite during welding.  In this region, the thermal cycle only 
minimally exceeds the Ac3 temperature, which prevents significant austenite grain 
growth.  The final HAZ region is the coarse-grained HAZ.  In this region the Ac3 
temperature is significantly exceeded, which leads to austenite grain growth.  The inter-
critical, fine grained, and coarse-grained HAZ regions all experience transformation to 
austenite during the weld thermal cycle.  Therefore, both the microstructural and 
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precipitate evolution needs to be investigated to understand the mechanical properties in 
these regions. 
 
 A preliminary investigation of the microstructural evolution and mechanical 
properties in NUCu-140 gas-metal arc welds (GMAW) and gas-tungsten arc welds 
(GTAW) was recently conducted.[62]  Microhardness traces revealed that a locally 
softened HAZ region formed as a result of the fusion welding process.  Average 
precipitate radius (<R>), number density (Nv), and volume fraction measurements (φ) 
conducted using local electrode atom probe (LEAP) tomography confirmed that the 
observed decrease in microhardness occurred as a result of the precipitate evolution that 
occurs in the HAZ.  Figure 41 shows a summary of the results.  The base metal region 
shows the initial precipitate parameters that develop as a result of the solution and aging 
thermal treatment.  The region labeled HAZ 1 experienced a peak temperature of ~ 675 
oC and exhibits a reduction in <R> and φ while showing a concomitant increase in Nv.  
This results from partial dissolution of the precipitates on heating,   followed by re-
precipitation of new and smaller Cu-rich precipitates during cooling.  The region labeled 
HAZ 2 experienced a peak temperature of ~910 
o
C and exhibits a further decrease of the 
<R> and φ with an even greater increase in Nv.  It was determined that full precipitate 
dissolution occurs in HAZ 2 on heating, followed by re-precipitation on cooling.  The 
fusion zone also undergoes full dissolution of the Cu-rich precipitates on heating but 
exhibits only minimal re-precipitation during the cooling portion of the weld cycle.  
Therefore the fusion zone exhibits the lowest <R>, Nv, and φ of any weld region.  The 
overall trends in <R>, Nv, φ are consistent with the observed local softening that occurs 
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in the HAZ as a result of the fusion welding process.  The current research focuses on a 
more detailed investigation of the mechanical properties of each of the four critical 
regions of the HAZ using simulated HAZ samples.   
 
Chapter Experimental Procedure 
 
The chemical composition of the NUCu-140 steel investigated in this study is 
shown in Table V.  The NUCu-140 was cast into ingots and homogenized at 1150 °C for 
3 hr prior to hot rolling at approximately 950 °C and air cooled.  The plates were 
solutionized at 900 °C for 1 hr, water quenched to room temperature, aged at 550 °C for 2 
hr, and air cooled to room temperature.  Critical transformation temperatures at various 
heating and cooling rates were determined by dilatometric methods using a Gleeble 3500 
thermo-mechanical simulator equipped with an Anritsu SLB laser dilatometer.  Diametral 
dilatometry was conducted on 6.35 mm diameter solid samples oriented such that the 
diameter measurements corresponded with the through thickness direction in the original 
plate.  Samples were taken from approximately the ¼ thickness position in the plate.  A 
freespan of 25 mm and a low force jaw carrier were used to minimize constraint during 
the determinations.  The Ac1 and Ac3 determinations generally followed ASTM A1033, 
although some deviations from recommended heating rates and conditioning 
temperatures were used.  In order to be more consistent with the NUCu140 aging 
temperature, the samples were preconditioned at 450°C rather than 600°C.  Preliminary 
experiments indicated that Ac1 in this steel is below 700°C, so the heating rate change 
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for the Ac3 determinations was conducted at 590°C rather than the 700°C recommended 
by ASTM A1033.   
 
This information was then used to formulate an experimental matrix of simulated 
HAZ samples that would represent each of the four critical regions of the HAZ.  The 
HAZ simulations were conducted using a Gleeble 3500 thermo-mechanical simulator and 
the heating and cooling rates were controlled using the QuikSim software package 
supplied with the Gleeble 3500.  Thermal cycles associated with a high (3.75 kJ/mm) and 
low (1.5 kJ/mm) heat input were utilized to represent the range of arc welding conditions 
expected during the joining of NUCu-140.  The simulated HAZ samples were outfitted 
with multiple thermocouples to determine the width of the uniformly heated region 
within the freespan.  Specimens were prepared for light optical microscopy (LOM) using 
standard metallographic techniques and etched using a 3% Nital solution.  Grain size 
measurements were conducted according to ASTM Standard E112-96(2004)ε2 and five 
fields were measured per sample.  Microhardness measurements were conducted using a 
Vickers diamond indenter, a 1 kg load and a 15 second dwell time.  Charpy impact 
testing was conducted at – 40 oC according to ASTM E23 on 10 mm x 10 mm x 50 mm 
specimens.  Tensile testing was performed according to ASTM E8 on sub-size samples 
with a diameter of 6.35 mm and a 25.4 mm gauge length.  Post-fracture analysis was 
conducted on all of the charpy impact and tensile specimens to ensure that crack 
propagation and subsequent failure occurred within the uniformly heated region of the 
simulated HAZ sample.  If failure was not contained entirely within the uniformly heated 
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region, the results of the sample were discarded and a replacement specimen was 
prepared and tested. 
 
Chapter Results and Discussion 
 
 In order to simulate the four critical regions of the HAZ, it is first necessary to 
identify the critical transformation temperatures, Ac1 and Ac3, for the NUCu-140 
substrate material.  Dilatometry heating rates ranging from 1°C/s to 1000°C/s were 
investigated and the results are shown in Figure 42.  The dilatometry curves show that the 
Ac1 temperature increases directly with heating rate and ranges from 706°C with a 1°C/s 
heating rate up to 759°C with a 1000°C/s heating rate.  The Ac3 temperature exhibits a 
much narrower range, 824°C to 839°C, indicating that the ferrite to austenite 
transformation finish temperature is not as dependent on heating rate as the ferrite to 
austenite transformation start temperature.  The transformation start temperatures 
increase directly with the heating rate since the ferrite to austenite transformation is 
diffusion controlled.  Increased heating rates provide less time for diffusion to occur, 
which causes a concomitant delay in the transformation start temperatures.  These results 
were used to select peak temperatures to simulate the four critical regions of the HAZ.  A 
peak temperature of 675°C was selected for the subcritical HAZ region since it is below 
the Ac1 temperature over the entire range of heating rates investigated.  An 800°C peak 
temperature was selected for the intercritical HAZ region since it falls inside the Ac1 and 
Ac3 range for all four dilatometry curves.  A 900°C peak temperature was selected for 
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the fine-grained austenite region since 900°C minimally exceeds the maximum measured 
Ac3 temperature of 839°C.  Finally, a 1350°C peak temperature was selected for the 
coarse-grained austenite HAZ region since 1350°C significantly exceeds the Ac3 
temperature but is still below the melting temperature of the alloy. 
 
The Smartweld Optimization and Analysis Routine software [49] was used to 
determine thermal cycles associated with the various peak temperatures identified above.  
An 85% transfer efficiency, representative of the gas-metal arc welding process, was 
assumed in the calculations [50].  Weld thermal cycles for each peak temperature were 
estimated for both a low (1.5 KJ/mm) and a high (3.75 KJ/mm) heat input to determine 
the effect of heat input on HAZ mechanical properties.  The  weld thermal cycles 
associated with the 675°C, 800°C, 900°C, and 1350°C peak temperatures are shown in 
Figure 43A and Figure 43B for the low and high input matrix, respectively.  Each thermal 
cycle was subsequently linearized and input directly into the Gleeble 3500 QuikSim 
software to produce simulated HAZ samples.   
 
Figure 44 shows the NUCu-140 base metal microstructure while Figure 45A and 
Figure 45B show the microstructure of the low heat input and high heat input simulated 
HAZ samples, respectively.  The low heat input, 675°C (LH675) peak temperature 
sample exhibits a predominantly equiaxed ferritic microstructure which is nearly identical 
to the base metal microstructure.  Both the LH800 and LH900 samples also exhibit an 
equiaxed ferritic microstructure with little to no change from the base metal 
microstructure.  Each of these simulated HAZ microstructures have a similar grain size to 
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the base material, which indicates that no significant grain coarsening occurred as a result 
of the thermal cycle.  The LH900 sample is fully austenitized during the thermal cycle, 
but does not exhibit significant austenite grain coarsening. This can be attributed to the 
short time and slight increase in temperature above Ac3. The presence of NbC particles 
also aid in restricting austenite grain growth.   The microstructure of the LH1350 sample 
consists of acicular ferrite and a combination of either Widmansttaten ferrite or bainite.  
The presence of acicular ferrite in the LH1350 sample indicates that significant grain 
coarsening occurred during the simulated HAZ thermal cycle since acicular ferrite 
nucleates intragranularly on heterogeneous nucleation sites such as oxide inclusions, and 
its formation is enhanced when the austenite grain size increases [45-48].  The grain 
coarsening also suggests that a 1350°C peak temperature is high enough to dissolve the 
NbC particles.  This is consistent with thermodynamic calculations performed on similar 
Fe-Cu steels which indicate that the NbC particles will dissolve between approximately 
1050°C and 1100°C [8].  The high heat input samples exhibit very similar 
microstructures when compared to the low heat input counterparts, where the HH675, 
HH800, and HH900 samples all contain equiaxed ferrite.  The HH1350 sample is also 
similar to its LH1350 counterpart in that it exhibits austenite grain coarsening leading to 
an acicular-type microstructure which contains a mixture of acicular ferrite, 
Widmansttaten ferrite, and bainite.  
 
Figure 46 shows the average microhardness values for both the high and low heat 
input simulated HAZ samples.  The low heat input results show a noticeable reduction in 
hardness for the LH675 (280 HV), LH800 (235 HV), and LH900 (225 HV) samples as 
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compared to the base metal (300 HV). The observed softening in these simulated HAZ 
samples occurs as a result of evolution of the Cu-rich precipitates[62].  The LEAP 
tomography data shown in Figure 41 exhibits a linear decrease in both the average 
precipitate radius (<R>) and precipitate volume fraction (φ) as the fusion line is 
approached (i.e. increasing peak temperature).  This is consistent with the reduction in 
hardness that is observed in the low heat input matrix.  It is interesting to note that there 
is only a minimal reduction in microhardness for the LH1350 sample (290 HV) even 
though it is expected to have undergone full dissolution of the Cu-rich precipitates.  The 
relatively high hardness of the LH1350 sample is attributed to the acicular-type 
microstructure observed in this region.  The high heat input microhardness results exhibit 
a similar trend where there is local softening in each of the four simulated HAZ samples.   
The slightly lower hardness values observed for the high heat input 675°C, 800°C, and 
900°C  peak temperatures, relative to the low heat input samples, are probably the result 
of increased coarsening/dissolution that is associated with the longer heating and cooling 
times of the high heat input thermal cycle.  The HH1350 sample (260 HV) again shows a 
slight hardness recovery as compared to the observed minimums that occur in the HH800 
and HH900 samples.   
 
Figure 47 shows the yield strength, tensile strength, and elongation results for the 
high and low heat input samples.  Each simulated HAZ data point presented in Figure 47 
was generated from a sample that failed within the uniformly heated region.  This was 
verified through direct temperature measurements during the simulation cycle and post-
fracture analysis.  The low heat input yield and tensile strength values decrease as the 
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HAZ thermal cycle peak temperature increases up to the LH900 sample.  Partial recovery 
of the tensile properties is observed in the LH1350 sample which agrees with the 
observed microhardness trends. These strength trends are consistent with the observed 
microhardness results discussed above.   The elongation values only range from 18% to 
21% across the base metal and all four simulated HAZ samples, with the ductility 
decreasing in the 675°C and 800°C samples.  This observation is unexpected since the 
675°C and 800°C samples have decreased strength levels compared to the base metal, 
which would typically lead to higher ductility.  However, it must be noted that the 
specimen gauge length contains NUCu-140 material that was heated to a range of 
different peak temperatures during the Gleeble thermal cycle.  The uniformly heated 
region in the simulated HAZ sample is shorter than the specimen gauge length and so the 
elongation results represent some average elongation behavior of each peak 
temperature/microstructural region.  As a result, the elongation value reported for each 
condition is actually a composite measurement and the resulting trends are insignificant.  
Nearly identical trends in yield strength and tensile strength are observed for the high 
heat input sample matrix. 
 
 
Figure 48 shows the Charpy impact values for both the low and high heat input 
samples tested at -40°C.  The Charpy impact energy generally increases relative to the 
base metal value for the 675, 800, and 900°C peak temperature samples. This is 
consistent with the microhardness and yield strength results, since a decrease in 
strength/hardness typically produces an increase in toughness. The high heat input 
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1350°C peak temperature sample exhibits only a very slight reduction in impact 
toughness relative to the base metal, while the impact toughness of the low heat input 
sample is higher than that of the base metal.  The difference in impact toughness between 
the LH1350 and HH1350 samples can be attributed to the grain size in each region.  The 
LH1350 sample has a grain size of 32 µm while the HH1350 sample has a grain size of 
42 µm.  The reduced grain size and corresponding increase in grain boundary area in the 
low heat input sample results in a concomitant increase in the impact toughness.  It is 
interesting to note that all regions of the HAZ exhibit relatively good impact toughness 
relative to the base metal, regardless of the location or heat input.  
 
In order to better understand the observed mechanical property trends, the 
expected precipitate evolution in the base metal and HAZ regions was modeled using 
MatCalc kinetic simulations [52-55, 62].  The MatCalc method estimates precipitate 
nucleation and growth kinetics in multi-component and multiphase alloys and can deal 
with complex systems and precipitation sequences.  The MatCalc method accounts for 
the compositional dependence of interfacial energy and chemical driving force, which 
provides a significant improvement to the classical nucleation, growth, and coarsening 
models when applied to the Fe-Cu system.  The simulations show the expected evolution 
of the Cu-rich precipitates in terms of average precipitate radius <R>, number density 
(Nv), and precipitate volume fraction (φ).  An example MatCalc simulation result for the 
LH675 sample is presented in Figure 49.  The LH675 sample begins to undergo partial 
dissolution of the Cu-rich precipitates at the end of the heating portion of the HAZ 
thermal cycle as evidenced by the reduction in average precipitate radius <R> and 
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precipitate volume fraction (φ).  The excess solute from the recently dissolved 
precipitates causes re-precipitation of new, smaller Cu-rich precipitates during the 
cooling portion of the cycle which leads to a resultant increase in the precipitate number 
density.  MatCalc simulations were also produced for the LH800, LH900, and LH1350 
samples and in all three cases the Cu-rich precipitates fully dissolved on heating, 
followed by re-precipitation of the Cu-rich precipitates on cooling.  An identical set of 
MatCalc simulations were performed for the high heat input samples and similar trends 
were observed.  A summary of the predicted precipitate parameters for the base metal and 
each of the simulated HAZ samples can be seen in Table VI.  Comparison of the base 
metal precipitate parameters generated using MatCalc and LEAP tomography reveals that 
generally good agreement is achieved for the <R> and Nv.  However, the MatCalc 
predicted φ ( ~0.0099) is more than three times less than the φ measured using LEAP 
tomography (~ 0.032).  Previous work by the authors [62] demonstrated that the 
significantly higher φ values measured using LEAP tomography can be explained by 
uncertainty in determining the true Cu concentration of the Cu-rich precipitates.  A 
combination of empirical Cu solubility data, published precipitate Cu concentrations, and 
lever law calculations demonstrated that for the binary Fe-Cu system the expected φ of 
Cu-rich precipitates for NUCu-140 is approximately 0.013, which is in very good 
agreement with the MatCalc prediction of 0.0099.  Based on this analysis [62], it was 
decided that the MatCalc precipitate parameters would be used as input for the 
strengthening calculations (discussed below).  
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Using the predicted precipitate parameters generated using MatCalc,  the 
strengthening model proposed by Russell and Brown [60] can be used to estimate the 
change in strength expected from changes in the Cu-rich precipitates.  The Russell-
Brown model assumes a random distribution of spherical precipitates that are elastically 
softer than the surrounding matrix.  These two assumptions are generally acceptable for 
NUCu-140 since the Cu-rich precipitates are roughly spherical and are elastically softer 
than the nominally ferritic matrix [60].  The Russell-Brown model defines the shear 
strength of the material as: 
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where G is the shear modulus of the matrix (77 GPa); b is the Burgers vector (0.25 nm); 
L is the inter-precipitate spacing (equation  4 ); EP is the dislocation energy in the 
precipitate; EM is the dislocation energy in the matrix;   
 is the dislocation energy in the 
precipitate per unit length;   
  is the dislocation energy in the matrix per unit length; r is 
the radius; r0 is the inner cut-off radius (2.5b); R is the outer cut-off radius (1000r0); and 
φ is the precipitate volume fraction.  The shear modulus of bcc Cu is assumed to be 
equivalent to that of f.c.c. Cu.  The ratio of dislocation energy per unit length in the 
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precipitate and matrix (  
   
  ) is approximately 0.6 [60].   The shear strength in each 
simulated HAZ region is calculated by substituting in the precipitate parameters predicted 
using the MatCalc simulations  (Table VI) and applying a Schmid factor of 2.5 [60].  The 
predicted shear strength change is then calculated by comparing the calculated base metal 
strength to the calculated strength in each simulated HAZ region.    Application of the 
Russell-Brown model does have several limitations which include: the assumption that 
the shear modulus of f.c.c. Cu and b.c.c. Cu have the same value; the calculation of L 
based on radius and precipitate volume fraction is subject to significant error [60]; and 
the cut-off radius values are geometric approximations.  However, recent research has 
demonstrated that the model provides good agreement between calculation and 
experiment for similar Fe-Cu based alloys [41].  This calculation is assumed to be a valid 
indicator of the overall strength change since the matrix microstructure of the base metal, 
sub-critical HAZ, inter-critical HAZ, and fine grained HAZ regions are composed of an 
equiaxed ferritic microstructure with nearly identical grain sizes.  The coarse grained 
HAZ region therefore cannot be compared using this method due to the acicular-type 
microstructure that results from the HAZ thermal cycle. 
 
Figure 50 shows the measured versus predicted yield strength change for the 
800°C and 900°C peak temperature simulated HAZ samples for both the low and high 
heat input.  The calculated shear strength values were converted into yield strength values 
by applying the relationship that shear yield strength is approximately equal to 0.6 times 
the tensile yield strength in steel.  [63]  The 1350°C samples were not included in the 
strength calculations since they exhibit acicular type microstructures and therefore cannot 
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be directly compared to the equiaxed ferritic structures.  The 675°C peak temperature 
samples were included in the calculation but were not included in Figure 50 since the 
strengthening model predicts an increase in yield strength of greater than 160 MPa for the 
low heat input sample, while the measured yield strength exhibits a decrease of 
approximately 60 MPa.  This deviation can be explained as a result of the partial 
dissolution and re-precipitation predicted for the 675°C peak temperature samples, as 
well as how the inter-particle spacing (L) is calculated.  L is calculated as a function of 
the average precipitate radius (<R>) and the precipitate volume fraction (φ) through 
equation (4), but does not account for the precipitate number density directly.  This is 
typically not a problem since all three of these precipitate parameters are inter-related.  
However, for the case of the 675°C peak temperature simulated HAZ sample, there is re-
precipitation of new, smaller Cu-rich precipitates during cooling.  This leads to a bi-
modal precipitate distribution where the new, smaller precipitates are not correctly 
accounted for in the calculation of L.  The new precipitates cause <R> to decrease 
significantly which results in a calculated L value that is too low and which leads to a 
predicted strength value that is too high.   
 
The measured versus predicted strength change for the LH800 and LH900 
samples exhibit very good quantitative agreement where there is an almost one-to-one 
relationship between the measured and predicted values.  However, the quantitative 
agreement breaks down for the high heat input samples.  The calculations for the high 
heat input condition accurately reflect that there is little difference between the HH800 
and HH900 strength levels, which was observed experimentally in Figure 47A; but the 
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magnitude of the measured and predicted strength changes show significant 
disagreement.  The predicted decrease in strength is approximately 50 MPa as opposed to 
nearly 175 MPa for the measured values.   The predicted precipitate parameters and 
strength changes are shown in Table VII for each heat input.  Note that MatCalc predicts 
only slight differences in the precipitate parameters for the low and high heat input 
samples.  This agrees with the experimentally measured strength levels which show only 
minimal differences in the resultant strength.  This suggests that MatCalc is accurately 
capturing the precipitate evolution for the various HAZ thermal cycles.  This also implies 
that NUCu-140 is not very sensitive to heat input over the range of heat inputs evaluated 
in this study.  The large variation in predicted strength calculated with only minor 
differences in <R> and φ suggest that the Russell-Brown model is very sensitive to the 
input parameters of <R> and φ.   
 
 
Figure 51A and Figure 51B show a sensitivity analysis which plots the increase in 
yield strength predicted by the Russell-Brown model as a function of <R> for three 
representative φ values. The yield strength initially increases with increasing precipitate 
radius for a fixed volume fraction (Figure 51A) up to approximately 1 nm, after which 
the yield strength is expected to decrease. [64] This is consistent with a coarsening 
phenomenon where the overall precipitate strength contribution decreases when the 
precipitates coarsen past the peak aged condition.  Figure 51B shows an enlarged view of 
Figure 11a for precipitate radii up to 1 nm.  The MatCalc predicted low heat input and 
high heat input precipitate parameters are labeled along with the associated strengthening 
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contribution predicted by the Russell-Brown model.  The slope of the strength versus 
<R> curve in the vicinity of the low heat input and high heat input precipitate parameters 
are  1590 MPa/nm and 2275 MPa/nm, respectively.  Note that, within this region, very 
large strength increases are predicted with only minor increases in precipitate radii for 
this model. MatCalc simulations or LEAP tomographic measurements are probably not 
accurate enough to expect valid quantitative comparisons with the R-B model at the low 
end of the <R> range when such small variations in precipitate parameters can cause 
large differences in the predicted strength. This effect probably accounts for the 
disagreement between the measured and calculated strength changes shown in Figure 50.   
Therefore the R-B strengthening calculations presented in Figure 40 and Figure 50 should 
be considered qualitative in nature due to the limitations and sensitivity of the model for 
the very small precipitate sizes present in NUCu-140.    
 
Chapter Conclusions 
 
Microstructural evolution and mechanical properties of simulated heat affected zones in 
NUCu-140 steel was investigated via light optical microscopy, dilatometry, Gleeble HAZ 
simulations, mechanical testing, and modeling techniques. The following conclusions can 
be drawn from this research. 
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1. Dilatometry experiments over a wide range of heating rates show that the Ac1 
temperature ranges from 706°C with a 1°C/s heating rate up to 759°C with a 1000°C/s 
heating rate.  The Ac3 temperature exhibits a narrower range of 824°C to 839°C. 
 
2. The subcritical, intercritical, and fine grained HAZ regions exhibit an equiaxed ferritic 
microstructure that is very similar to the NUCu-140 base metal microstructure.  The 
coarse grained HAZ exhibits a predominantly acicular-type matrix microstructure 
composed of a combination of acicular ferrite, Widmansttaten ferrite, and bainite. 
 
 
3. Microhardness and tensile testing results demonstrate that local softening occurs in the 
HAZ, with the minimum strength and hardness occurring in the intercritical and fine 
grained HAZ regions. The strength loss in these regions is attributed to complete 
dissolution and only partial re-precipitation of Cu precipitates, as shown by precipitae 
simulation.  The coarse grained HAZ exhibits a slight recovery of strength and hardness 
as a result of the acicular-type structure that forms in this region.  
 
4. The Charpy impact energy at -40oC for each HAZ region was equal to or better than the 
unaffected base metal. 
 
 
5. Similar values of precipitate radii, number density, and phase fraction were calculated for 
the 675°C, 800°C, and 900°C peak temperature samples for both low and high heat input 
conditions. The similar precipitate parameters and equiaxed ferrite microstructure would 
be expected to produce similar strength levels for each of these samples.  This is 
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consistent with the measured mechanical properties where there are only minor variations 
in the yield strength for these conditions as a function of heat input.  This indicates that 
NUCu-140 is insensitive to heat input over the range of heat inputs investigated in this 
study. 
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Tables 
 
 
Table V - Composition of copper-precipitation strengthened NUCu-140 steel. All values in 
weight percent.  
 
Element NUCu-140 
Al 0.65 
C 0.04 
Cu 1.35 
Fe Bal. 
Mn 0.47 
Nb 0.07 
Ni 2.75 
P 0.009 
S 0.002 
Si 0.47 
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Table VI - Summary of the precipitate evolution predicted using MatCalc kinetic simulation 
software. 
 
Sample 
Peak 
Temperature 
(°C) 
MatCalc 
Radius 
(nm) 
MatCalc 
Number 
Density 
(m
-3
) 
MatCalc 
Phase 
Fraction 
Base Metal 
(BM) 
150 4.25 2.53 x 10
22
 0.0099 
LH675 675 1.11 1.10 x 10
23
 0.0064 
LH800 800 0.56 5.86 x 10
24
 0.0042 
LH900 900 0.54 5.95 x 10
24
 0.0041 
LH1350 1350 0.46 7.51 x 10
24
 0.0030 
HH675 675 0.96 1.24 x 10
23
 0.0068 
HH800 800 0.60 5.19 x 10
24
 0.0051 
HH900 900 0.60 5.17 x 10
24
 0.0051 
HH1350 1350 0.60 5.19 x 10
24
 0.0051 
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Table VII - Calculated Precipitate parameters and measured and predicted strength change for 
LH800, LH900, HH800, and HH900 samples. 
 
 
Average 
Precipitate 
Radius            
<R> (nm) 
Precipitate 
Phase 
Fraction φ 
Inter-
precipitate  
Spacing L   
(nm) 
Predicted 
Strength 
Change 
(MPa) 
Measured 
Strength 
Change 
(MPa) 
Base Metal 4.25 0.0099 75.5 - - 
LH800 0.56 0.0042 15.1 -162 -165 
LH900 0.55 0.0041 15.0 -185 -183 
HH800 0.60 0.0051 15.0 -52 -176 
HH900 0.60 0.0051 14.9 -53 -176 
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Figures 
 
 
 
Figure 41 - LEAP tomography data collected from NUCu-140 GMAW showing the evolution of 
the average precipitate radius (<R>), number density, and volume fraction (φ) across the base 
metal, HAZ, and FZ of the weld. 
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Figure 42 - Dilatometry results for NUCu-140 heated at 1, 10, 100, and 1000C/s. 
 
 
 
 128 
 
 
 
Figure 43 - Summary of the thermal cycles predicted using Sandia Optimization and Analysis 
Routines software for the (A) low heat input samples (1.5 J/m) and (B) high heat input samples 
(3.75 J/m). 
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Figure 44 - LOM micrograph showing the NUCu-140 base metal microstructure. 
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Figure 45 – LOM micrographs of the (A) low heat input and (B) high heat input simulated HAZ 
samples. 
 
A
B
 
 
 131 
 
 
 
Figure 46 - Microhardness data collected from NUCu-140 base metal and simulated HAZ 
samples. 
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Figure 47 - Tensile testing results for both low and heat input samples showing (A) yield, (B) 
tensile, and (C) elongation. 
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Figure 48 – Charpy data collected for NUCu-140 at -40°C. 
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Figure 49 - MatCalc kinetic simulation for the LH675 simulated HAZ sample. 
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Figure 50 - Measured versus predicted strength change of 800°C and 900°C simulated HAZ 
samples using MatCalc as input to the Russell-Brown model. 
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Figure 51 - Sensitivity analysis of the Russell-Brown model showing predicted increase 
in yield strength as a function of radius for constant volume fractions. (A) Full scale (B) 
Enlarged view.  
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CHAPTER 4: EFFECT OF COPPER CONCENTRATION 
AND HEAT INPUT ON PREDICTED PRECIPITATE 
EVOLUTION AND STRENGTHENING 
 
Chapter Introduction 
 
Attempts were made to utilize a combination of MatCalc kinetic simulations and 
Russell-Brown strengthening calculations to estimate the effect of copper concentration 
and heat input on the resultant precipitate evolution and strength variation. The objective 
is to consider whether an increase in the Cu concentration or change in the welding heat 
input can be used to minimize strength reductions in the HAZ. 
 
Chapter Results and Discussion 
 
Figure 52 shows the evolution of the average precipitate radius <R>, number 
density (Nv), and precipitate volume fraction (φ) for 2 wt% and 4 wt% Cu contents for 
500 J/mm and 2500 J/mm heat inputs.  The calculations were conducted using thermal 
cycles associated with peak temperatures from 200°C to 1350°C.  As expected, the Cu 
concentration has a significant effect on the values of <R>, Nv, and φ for the unaffected 
base metal. The values of <R> and Nv are only weakly dependent on Cu concentration 
and heat input after the weld thermal cycle when the peak temperature is above ~ 800
o
C. 
The Cu concentration has a significant effect on the precipitate volume fraction in the 
HAZ, but the value of φ is not affected much by the heat input. The heat input generally 
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only has an effect on <R> and Nv when the peak temperature is between approximately 
400
o
C and 700
o
C.  For example, at a peak temperature of 675°C the value of <R> for the 
4 wt% Cu alloy at 500 J/mm heat input is approximately 12.5 nm while the 2500 J/mm 
heat input yields an <R> value of below 2 nm for the same peak temperature and Cu 
concentration. This large variation is a result of the difference in how the Cu-rich 
precipitates evolve for each of these conditions.   
 
Figure 53 and Figure 54 show the MatCalc 675°C peak temperature simulations 
for the 4 wt% Cu alloy at 500 J/mm and 2500 J/mm heat inputs, respectively.  The 500 
J/mm simulation predicts that both the <R> and φ values decrease while the number 
density remains essentially constant.  This is indicative of partial dissolution of the Cu-
rich precipitates.  The 2500 J/mm simulation predicts a much more severe decrease in the 
<R> and φ values with a concomitant increase in the number density.  The increase in the 
number density occurs due to precipitation of new, small precipitates during the cooling 
portion of the weld thermal cycle.  The results in Figure 52 show that the 4 wt% Cu alloy 
initially has a lower precipitate number density for both the 500 and 2500 J/mm heat 
inputs compared to the 2 wt% Cu alloy.  However, after thermal cycling at 675°C or 
above there is a larger increase in the number density in the 4 wt% Cu simulations as a 
result of the additional solute content available for precipitation.  The precipitate volume 
fraction curves show a similar trend to the <R> curves where the 4 wt% Cu alloy has 
higher φ values compared to the 2 wt% Cu alloy and where the simulated HAZ thermal 
cycles at 675°C and above cause a decrease in the predicted volume fraction. Most 
importantly, the higher Cu alloy is expected to provide a higher number density and 
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larger volume fractions of precipitates in the high temperatures regions of the HAZ (i.e., 
> ~ 700°C) where the largest degradation in strength is typically expected.   
 
The calculated strength changes associated with various peak temperatures in the 
high temperature regions of the HAZ for Cu concentrations of 2 and 4 wt% are shown in 
Figure 55.  Only peak temperatures at and above 800°C were considered for two reasons. 
First, as previously discussed, L cannot be properly determined below this temperature 
due to partial dissolution and subsequent re-precipitation that produces a bimodal 
precipitate morphology. Second, and more importantly, the experimental results indicate 
that the most severe loss in strength will occur in these high temperature regions due to 
complete precipitate dissolution. It should also be noted that an acicular microstructure 
will form in the HAZ at a peak temperature near and somewhat below 1350°C, and the 
contribution to strength from this change in matrix microstructure is not accounted for in 
these calculations since they only consider the contribution from precipitate 
strengthening. In these regions the strength will be slightly higher due to the acicular 
matrix microstructure, so that the strength value calculated in these regions can be 
considered conservative. 
 
The results in Figure 55 indicate that the combination of kinetic simulations and 
strengthening calculations predict an increase in strength in the HAZ for both 4 wt% Cu 
conditions (500 J/mm and 2500 J/mm) and for the 2 wt% Cu, 2500 J/mm condition.  This 
predicted result is believed to be erroneous since an increase in strength has never been 
observed in the heat-affected zone of a precipitation strengthened alloy.   In addition, the 
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magnitude of the observed increase for the 4 wt% Cu condition is in excess of 500 MPa 
which is far too large to be accurate.  It is believed that the reason for this erroneous 
prediction stems from the initial starting point used in the MatCalc simulations.  The 
MatCalc simulations presented in Chapter 2 and Chapter 3 were conducted on the exact 
alloy composition of NUCu-140 and the kinetics of the simulations were calibrated using 
the controlled solution and age thermal treatment that was used to process the plate 
material.  This provided a direct link between a thermal profile and an experimentally 
measured set of precipitate parameters.  No such calibrated starting point was available 
for the 2 wt% and 4 wt% Cu alloys presented in Chapter 4 which severely degraded the 
accuracy of the simulations.  Therefore it is believed that the utility of MatCalc 
simulations may be somewhat limited if there is no experimental data available to tune 
the model. 
 
Chapter Summary 
 
A combination of MatCalc kinetic simulations and Russell-Brown strengthening 
calculations are used to estimate the effect of copper concentration and heat input on the 
resultant precipitate evolution and strength variation.  The strengthening calculations 
predict an increase in strength in the HAZ despite that fact that an increase in strength has 
never been observed in the HAZ of a precipitation strengthened alloy.  The erroneous 
prediction is believed to result from the lack of an experimental starting point to calibrate 
the 2 wt% and 4 wt% Cu conditions.  
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Figures 
 
 
Figure 52 – (A) Average precipitate radius <R>, (B) number density, and (C) precipitate 
volume fraction (φ) results generated using MatCalc showing the predicted effect of Cu-
concentration and heat input on precipitate evolution. 
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Figure 53 - MatCalc simulation results for 4.0 wt % Cu, 500 J/mm for the 675°C peak 
temperature. 
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Figure 54 - MatCalc Simulation results for 4.0 wt % Cu, 2500 J/mm for the 675°C peak 
temperature 
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Figure 55 - Russell-Brown calculations showing predicted strength changes expected for 
various heat inputs and Cu concentrations. 
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FUTURE WORK 
 
The research presented above provides a very thorough and detailed 
understanding of the complex precipitate and mechanical property evolution that occurs 
in the heat-affected zone of NUCu-140.   The results indicate that, over a wide range of 
heat inputs, local softening occurs in the HAZ as a result of full or partial dissolution of 
the copper-rich precipitates responsible for strengthening.  Re-precipitation that occurs 
during the cooling portion of the weld thermal cycle is insufficient to fully recover the 
lost strength.  Therefore, additional work should be conducted to determine if direct 
aging or multi-pass welding can be utilized to restore the HAZ strength to adequate 
levels.  The potential for multi-pass welding to provide significant strength recovery has 
recently been demonstrated for similar iron copper alloys.[65]   
 
The goal of the proposed work would be to determine if direct aging or reheating 
induced by subsequent weld passes could provide adequate precipitation and growth of 
copper precipitates in NUCu-140.  As a proof of concept, MatCalc could be used to 
simulate direct aging of the heat-affected zone precipitates following fusion welding.  
The individual HAZ precipitate parameters following an initial weld thermal cycle could 
be used as the input for the calculation and the standard NUCu-140 solution and aging 
treatment could be simulated to determine if significant re-precipitation and growth is 
possible.  This approach would not typically be considered due to the fact that direct 
aging of the HAZ would be expected to cause overaging in the surrounding base material.  
However, the strength versus aging time curve shown in Figure 10 suggests that 
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overaging is not expected for NUCu-140 even for very long aging times (>100 hrs). A 
fusion weld could also be subjected to a direct aging heat treatment to experimentally 
validate the feasibility of re-precipitation of the copper-rich precipitates in the HAZ.  If 
the re-precipitation investigations are successful then multi-pass welding would be 
investigated using both MatCalc kinetic simulations and Gleebe thermal simulations.  
Various HAZ thermal cycles could be identified using Sandia Optimization and Analysis 
Routines software that represent the re-heating expected from subsequent weld passes.  
The predicted thermal cycles could be validated using direct measurement of fusion 
welds using embedded thermo-couples.  These thermal cycles can then be simulated 
using MatCalc by subjecting the material to each of the reheat thermal cycles in 
sequence.  The same concept could be investigated experimentally by subjecting NUCu-
140 simulated HAZ samples to re-heat thermal cycles in the Gleeble.  Local electrode 
atom probe tomography could be used to measure the precipitate evolution after each re-
heat step of the multi-pass weld simulation. 
 
As part of this effort, additional development work should performed on the 
experimental gas-metal arc welding filler material used in the current work to optimize 
the formulation for use with NUCu-140.  Commercially available filler materials with 
matching or slightly under-matched properties could also be evaluated to determine their 
compatibility with the NUCu-140 system. The investigation should include fabrication of 
full-scale (≥ 0.5” thick), v-groove weldments to allow for full size mechanical testing 
specimens.  Tensile testing using digital image correlation could be conducted on a full-
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scale transverse tensile specimens to validate the mechanical property trends presented 
above for subsize samples.     
The VG 603 (or the next generation replacement) could also be used to evaluate 
the precipitate evolution in NUCu-140 heat-affected zones.  The compositional mapping 
capability of the instrument could identify the size, shape, and distribution of the Cu-rich 
precipitates.  In addition, the technique would provide another experimental data point to 
validate the actual Cu-concentration in the precipitates and could be used to confirm the 
segregation of Ni and Al to the precipitate interface. 
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OVERALL CONCLUSIONS 
In Chapter 1 the following objectives were outlined for this research: (1) 
characterization of the precipitate evolution that occurs in the heat-affected zone and 
fusion zone of NUCu-140 using local electrode atom probe tomography; (2) 
identification of the mechanical property trends that result from various fusion welding 
processes; (3) modeling of the HAZ thermal history and precipitate evolution using 
MatCalc to compare measured and predicted precipitate parameters; and (4) calculation 
of the strengthening potential of the copper-rich precipitates using Russell-Brown 
strengthening calculations.  Upon completion of the research the following conclusions 
can be made about NUCu-140 welds and simulated heat-affected zones: 
 
1. Both gas-metal arc-welds and gas–tungsten arc welds on NUCu-140 exhibit local 
softening of the heat-affected zone as a result of the fusion welding process.  This 
softening was quantitatively measured employing both microhardness traces and 
tensile testing results. 
 
2. Local-electrode atom-probe (LEAP) tomography demonstrated that the local 
softening is a result of either partial or full dissolution of the Cu-rich precipitates 
followed by re-precipitation that occurs due to the weld thermal cycles 
experienced in the different HAZ regions.   
a. The HAZ 1 region, which is representative of the sub-critical heat–
affected zone, experiences partial dissolution of the Cu- rich precipitates 
during heating followed by re-precipitation of new, small Cu-rich 
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precipitates, which yield a decrease in the copper precipitates’ radius, an 
increase in their number density, and with only a small change in their 
overall phase fraction. 
b. The HAZ 2 region (representative of the fine-grained HAZ) and HAZ 3 
region (representative of the coarse-grained heat-affected zone), and the 
fusion zone experience full dissolution of the Cu-rich precipitates on 
heating followed by re-precipitation during cooling.   
 
3. The observed microstructural and mechanical property trends can be rationalized 
using an available strengthening model that predicts the observed trend between 
the experimentally measured hardness and the calculated strength based on the 
measured precipitate evolution.    
 
4. Dilatometry experiments over a wide range of heating rates show that the Ac1 
temperature ranges from 706°C with a 1°C/s heating rate up to 759°C with a 1000°C/s 
heating rate.  The Ac3 temperature exhibits a narrower range of 824°C to 839°C. 
 
5. The subcritical, intercritical, and fine grained HAZ regions exhibit an equiaxed ferritic 
microstructure that is very similar to the NUCu-140 base metal microstructure.  The 
coarse grained HAZ exhibits a predominantly acicular-type matrix microstructure 
composed of a combination of acicular ferrite, Widmansttaten ferrite, and bainite. 
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6. Microhardness and tensile testing results demonstrate that local softening occurs in the 
HAZ, with the minimum strength and hardness occurring in the intercritical and fine 
grained HAZ regions. The strength loss in these regions is attributed to complete 
dissolution and only partial re-precipitation of Cu precipitates, as shown by precipitae 
simulation.  The coarse grained HAZ exhibits a slight recovery of strength and hardness 
as a result of the acicular-type structure that forms in this region.  
 
7. The Charpy impact energy at -40oC for each HAZ region was equal to or better than the 
unaffected base metal. 
 
 
8. Similar values of precipitate radii, number density, and phase fraction were calculated for 
the 675°C, 800°C, and 900°C peak temperature samples for both low and high heat input 
conditions. The similar precipitate parameters and equiaxed ferrite microstructure would 
be expected to produce similar strength levels for each of these samples.  This is 
consistent with the measured mechanical properties where there are only minor variations 
in the yield strength for these conditions as a function of heat input.  This indicates that 
NUCu-140 is insensitive to heat input over the range of heat inputs investigated in this 
study. 
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